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§ 1. INTRODUCTION 


Ir has long been recognized that crystals are generally imperfect and 
that many of their physical properties must be determined largely by 
the way in which they depart from perfect crystalline structure. In 
particular it has now become generally accepted that the mechanical 
properties of crystals are closely dependent on their structural perfection. 
Attempts to explain the strength of solids all have in common this idea 
of crystal imperfection, but the theory which has been by far the most 
successful in this field is that which has, as its essential feature, the idea 
that a crystal structure can be dislocated. A review of the outstanding 
experimental evidence justifying this idea is put forward in this paper. 

A complete review of the present situation in the theory of dislocations 
cannot be attempted in an article of this kind. However, adequate 
descriptions can be found elsewhere; admirable accounts have been 
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prepared by Cottrell in his contributions to Progress in Metal Physics, 
Vols. 1 and 4, and in his recently published book (1953) for example. 
In this present paper only the outstanding evidence that dislocations 
really exist in crystals will be presented. Just as the theoretical ideas 
still cannot account for the vast amount of technical information about 
the mechanical properties of solids, we find that, correspondingly, the 
theory of dislocations is considerably in advance of the more fundamental 
experiments. Therefore, no attempt will be made to describe the success 
or failure of the theory in accounting for important practical phenomena 
such as work-hardening and creep but we try to show what evidence 
there is on which to base a theory of dislocations and, to some extent, 
justify the large amount of theoretical work in progress. 

Perhaps the most convincing evidence that dislocations are more 
than hypothetical concepts has been provided by the recent work on 
the subjects of crystal growth and polygonization. The greater part of 
this article has been devoted to reviewing the contributions made by a 
number of workers in these two fields. The somewhat less convincing 
evidence provided by studies of the formation of slip bands and of the 
properties of dislocated bubble rafts has also been included. The 
experiments with bubbles are described chiefly because they provide a 
non-mathematical means of displaying the properties of edge dislocations 
in crystals. 

For convenience the case for dislocations has been arranged in four 
parts. In the first we discuss the most direct evidence for the real 
existence of dislocations ; that is the evidence provided by the theory 
of crystal growth. This enables us to actually locate single dislocations 
in a crystal. ‘These are dislocations which emerge on crystal surfaces. 
As an illustration of the chemical properties of dislocations we show how 
etch pits in a crystal surface might also serve to locate single dislocations. 
The ideas of the formation of etch pits are extended in § 3 of the paper 
where we show how some patterns of etch pits on well annealed crystals 
can be interpreted successfully by the etching-out of the surface where 
it is met by special arrays of dislocations. The observations of the 
polygonization of crystals by micrographic and x-ray methods provide 
considerable evidence not only for the existence of dislocations but also 
for their ability to form these stable arrays in a way predicted by the 
theory. The section on the description of grain boundaries as walls 
of dislocation lines is included in this part because this provides the 
first instance where a direct quantitative comparison can be made 
between the theoretical ideas and experimental results. The experiments 
on the movement of arrays of dislocations described in the third part 
suggest a very profitable approach in examining the mobility of dis- 
locations, whereas the observation of unit slip afforded by studies of 
combined growth and slip patterns on crystal surfaces is obviously an 
important step towards devising experiments to investigate the dynamical 
properties of single dislocations. : 
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The formation of dislocations and their density in a crystal is still a 
question of considerable interest. The studies of crystal growth have 
afforded direct estimations of the number of dislocations meeting crystal 
surfaces for a large variety of materials; but these are always several 
orders of magnitude smaller than the estimate of 108 dislocations crossing 
every square cm of surface which has been made, less directly“of course, 
from x-ray studies and analyses of mechanical properties of metal 
crystals. A comparison of these estimates is of course obviously unsatis- 
factory since, apart from the uncertain grounds on which it has been 
based, the latter is made for a metal crystal grown from a cooled melt 
which is expected to be far less perfect than a crystal grown from its 
vapour suitable for the more sensitive studies of surface growth markings. 
The best estimate will be made when it is actually possible to see the 
dislocation inside a crystal. One method for locating dislocations inside 
a crystal has recently been suggested by the outstanding observation of 
the precipitation of photolytic silver on the lines of dislocation in crystals 
of silver bromide (Hedges and Mitchell 1953 a). A technique of this 
kind for studying the behaviour of dislocations which is independent 
of the crystal surface should provide the best comparison with theoretical 
ideas. 


§ 2. THE DerecTION oF SINGLE DISLOCATIONS IN CRYSTALS 


2.1. Experiments with Bubble Rafts 

The apparatus for producing a large number of bubbles of uniform 
size, devised by Bragg (1942) and later used by Bragg and Nye (1947) 
and by Lomer (1949; see also Lomer and Nye 1952), has provided’ a 
fairly convincing model of a crystal lattice and, until recently, was the 
only illustration of the possibility of a dislocated structure. It can be 
shown that, if the diameter of the bubbles is chosen correctly, the forces 
between them closely resemble those between the atoms of a metal 
crystal. For example, if the bubble diameter is 1-1 mm the raft closely 
resembles a two-dimensional crystal of copper. 

These workers have been able to use the model to study various kinds 
of crystalline imperfection in some detail. The major conclusion derived 
from this study is that a dislocation can be formed in a perfect lattice 
by the application of suitable strains (compare fig. 1 and Pl. 1, 
fig. 3 for example). If the model gives a true representation of a metal, 
the small amount of displacement of the surrounding bubbles from 
their correct lattice sites shows that a dislocation is very easily 
accommodated in a crystal, with the strained region or core of the 
dislocation confined to only a few atomic distances. Furthermore, they 
have demonstrated that the lattice slips by one bubble diameter during 
the glide of one of these dislocations ; so a dislocation is not only a 
possible kind of imperfection but it also has the expected property of 
causing this easy slip by its motion through the crystal lattice. As we 
shall see later (§3.1), similar dislocations of the same sign should be 
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able to arrange themselves in a stable array to form a ee 
in the crystal where the orientation of the lattice changes by a ee 

angle. For example, fig. 37 shows the simple Burgers Gasca 
formed by a wall of parallel edge dislocations. That this has also een 
admirably demonstrated by the bubble model can be seen after comparing 


figs. 4 (Pl. 1) and 37. 


Fig. 1 


Fig. 2 


A screw dislocation (after Cottrell 1949). 


In general, therefore, the behaviour of the dislocated bubble raft is 
very close to that expected from the theory of a dislocated metal crystal. 
Naturally, some reserve must be exercised in accepting the experimental 
evidence provided by this model as being valid for a metal crystal, but 
it is interesting to note that most of this evidence has since been 
confirmed by experiments with real crystals. 


2.2. The Evidence provided by Studies of Crystal Growth 


The most complete and most satisfactory confirmation that dislocations 
are not only real but are also necessary crystalline imperfections has 
resulted from an attempt to explain the growth of real crystals. The 
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conclusion that dislocations which emerge on crystal surfaces can be 
located by studying the growth structure on the surfaces suggests a 
powerful tool for future investigations of the properties of dislocations. 

A complete account of the theory of crystal growth will not be given 
here since there is already an adequate literature on the subject, 
especially in the original paper by Burton, Cabrera and Frank (1951) 
and in the review by Frank (1952). The most important idea to be 
considered here is that a step must always be raised in a habit surface 
of a crystal when a dislocation emerges with a component of its Burgers 
vector normal to that surface. If the dislocation line is normal to the 
surface this is its screw component. This step may extend from the 
point where the dislocation emerges to the edge of the crystal face or to 
another neighbouring dislocation of opposite hand. Conversely, we can 


Fig. 5 Fig. 6 


The growth hill ona crystal containing The growth hill on a crystal containing 
only one dislocation (Frank 1949). two screw dislocations of opposite 
hand (Frank 1949). 


use this idea to locate dislocations in a crystal, for there must always be 
a screw dislocation where a step terminates in a surface. The height of 
the step must be a measure of the component of the Burgers vector of 
the dislocation normal to that surface. If crystal growth has taken 
place by the addition of material to these exposed steps, the ideas of 
Frank lead us to expect configurations of step-lines such as those shown 
in figs. 5 and 6. Figure 5 illustrates a simple spirally terraced growth 
hill which should be developed when a crystal contains only one screw 
dislocation. This crystal should now thicken at the rate of one layer 
thickness for each complete rotation of the spiral. Again, if a pattern 
of this kind is observed on a crystal surface there must be a screw 
dislocation located at the centre of the spiral. Figure 6 shows the next 
simplest growth pattern expected for a crystal which contains only 
two dislocations of opposite hand. The growth patterns become 
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correspondingly complicated when the crystals contain more dislocations ; 
however every screw dislocation is always marked by the termination of 
a step in the surface. ; 
At the time when this theory of crystal growth was first put forward, 
it was believed that much improvement in optical or electron microscope 
techniques would be necessary before the predicted growth spirals could 
be observed. Griffin’s announcement, that the growth structure revealed 
on the natural surfaces of beryl crystals by an ordinary metallurgical 
microscope could be described perfectly by Frank’s ideas (Griffin 1950), 
therefore provided a rather dramatic confirmation so soon after the 
theory had been formulated. Figures 7 and 8 (Pls. 2 and 3) are micro- 
photographs typical of those produced by Griffin. A good example of 
the centre of a single spiral of step-line is shown in fig. 7, but fig. 8 is 
more typical of Griffin’s observations ; every termination of a step must 
mark the seat of a dislocation. An interferometric study of these surfaces 
showed that each step is only 8 4 high ; these are therefore monomolecular 
steps of beryl and each dislocation is a simple dislocation with a Burgers 
vector equal to one lattice parameter. Since this first observation there 
have been numerous studies of ‘ spiral growth ’ on a variety of different 
crystals. So far there have been no important attempts to provide a 
quantitative test of the ideas of crystal growth, but the important point 
is that the theory holds qualitatively for a wide variety of types of 
crystal and provides this direct evidence that dislocations really exist. 
The electron microscope examination of crystals of the n-paraffins by 
Dawson and his associates (see for example Dawson and Vand 1951, 
Dawson 1952, Dawson and Anderson 1953) provides beautiful illustrations 
of the growth patterns to be found on the surfaces of dislocated crystals. 
Figure 9 (Pl. 4) (an electron micrograph prepared in this laboratory by 
Appelbe and Kay, who repeated the work described by Dawson) shows 
the spirally terraced hill formed by the growth ofa thin crystal containing 
a single screw dislocation, and fig. 10 (Pl. 5) the concentric loops of 
step-line produced on the surface of a crystal containing two screw 
dislocations of opposite hand. These photographs are prepared by 
metal-shadowing the surfaces of the thin crystals and then using them 
directly in the electron microscope. Measurements of the lengths of 
_the shadows indicate that the steps are monomolecular which means 
that these dislocations must have their Burgers vectors equal to unity. 
Verma (1951) and Amelinckx (1951), employing optical microscope 
techniques similar to those used by Griffin, have examined a large number 
of crystals of silicon carbide. They find that these have invariably 
grown by the screw dislocation mechanism and give an almost complete 
account of the growth patterns which are expected for dislocated crystals 
(see figs. 11, 12, 13, 14 (Pls. 6 and 7) for example). This is yet another 
example of the occurrence of dislocations ; this time in a crystal which 
is grown only on a commercial scale as the product of a complex reaction 
when a mixture of sand, charcoal and sawdust is heated in an electro- 
furnace at about 2000°c. Verma has been able to measure the heights 
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of growth steps on his crystals by the careful use of multiple-beam 
interferometry and he finds that they are usually equal to one or, at 
most, a small multiple of the lattice parameter normal to the growth 
surfaces. 

Studies of the actual growth of crystals of cadmium iodide (Forty 
1951, 1952 a, b) not. only provide an excellent demonstration of the 
spiral growth of crystals but have also shown for the first time that 
dislocations of large Burgers vector can exist in some crystals. These 
sometimes occur as extended lines of simple dislocations, dislocation 
groups, but often appear as large hollow tubes which cannot be resolved 
into simpler dislocations and are called giant dislocations. Large 
dislocations of multiple strength are now found to occur in most crystals 
which have a layered type of structure and grow in the form of thin 
plates ; for example, CdI,. PbI,, (Pb, Cd)I, (Forty 1952), SiC (Verma 
1951, Amelinckx 1951), micas (Amelinckx 1952 b), graphite, AIB, (Horn 
1952 b) and complex organic compounds (Brandstitter 1953). The 
accurate measurement of a large number of step-heights in different 
growth hills on cadmium iodide crystals (Forty 1952 b) has indicated 
that the strength (or Burgers vector normal to the growth surface) of 
these dislocation groups varies from one to several hundred molecular 
thicknesses. Figures 15, 16, 17 (Pls. 8 and 9) show typical growth patterns 
on erystals of cadmium iodide. The heights of the steps in these have 
been measured by the method of internal interference ; that is interference 
between reflections from the top and bottom surfaces of the thin crystal 
platelet when it is illuminated with parallel monochromatic light (Forty 
1952 b). Figure 18 (Pl. 9) shows the internal interferogram for the 
same crystal as that photographed with the phase contrast microscope 
in fig. 17. 

By observing the actual growth of these crystals under the optical 
microscope it has been possible to decide how these large dislocation 
groups, which are certainly not inherited from the initial seed, can be 
formed. The mechanism of a large slip of the perfect crystal lattice 
after it has been buckled by the non-uniform distribution of internal 
or external stresses prevailing during growth, described in more detail 
in § 5.2, must be responsible for the formation of dislocations in a great 
many crystals of this type. 

It is perhaps surprising that such large dislocations of the structure 
are possible since the strain in the surrounding crystal lattice might be 
enormous. However, these dislocations are either found to be extended 
through the structure so as to be accommodated with as little strain 
as possible to form dislocation groups or occur as large hollow tubes. 

Frank (1951 b) has shown that any dislocation with a Burgers vector 
greater than about 10 4 will tend to have a hollow core so that the strain 
energy associated with it will be reduced at the expense of some increase 
in free surface energy. This idea has been verified by the observation 
of small holes, several microns in diameter, at the centres of growth 
spirals on silicon carbide (figs. 11 and 14 (Pls. 6 and 7) for example). 
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Frequently the dislocations in SiC have multiple strength S there is a 
striking similarity between growth features on silicon carbide and on 
cadmium iodide. In these cases much larger holes are usually noticed 
at the centres of the spirals. Similarly the cores of large dislocation 
groups in cadmium iodide are often hollow tubes. Figure 19 (Pl. 10) is an 
electron micrograph of a replica of a cadmium iodide crystal prepared 
by Appelbe and Kay (1953) which shows clearly that a hexagonal hole 


was present in the original crystal. Sometimes, as in fig. 20 (Plschbys 


a dark line which has a constant shape and direction in the surface is 
observed at the centre of a spiral hill during growth. This suggests a 
form of extended dislocation group in the crystal, for if the complete 
dislocation of the structure is extended along this line, several microns 
long, then the surrounding lattice will be tilted by only one or two degrees. 
Again, this largely relieves the strain energy. 

It appears, therefore, that large screw dislocations play a very important 
part in the growth of this class of crystal. As yet, however, we know 
little of their influence on the mechanical properties of the crystals. 
It is difficult to envisage how the giant dislocations might affect plastic 
flow for example, since it is doubtful whether they can glide easily 
through the lattice because of their complex extended form. It is 
possible, of course, that, like a piled-up group in a slip band (Mott 1952), 
they may effectively obstruct the movement of simple unit dislocations. 
However, the theories of plastic deformation are chiefly interested in 
the properties of metals and, apart from one anomalous observation 
on the surfaces of gold crystals growing on seeds of precipitated salt 
(fig. 21 (Pl. 11), Amelinckx 1952 a), there is no evidence for expecting 
to find large dislocations in these. All the dislocations observed in 
crystals of the hexagonal metals (Forty 1952 d) and silver (Forty and 
Frank 1953) appear to be simple dislocations with Burgers vectors equal 
to one lattice parameter. 

These metal crystals have been grown from their vapours by heating 
a stock of the metal, usually in the form of tightly packed turnings, at 
a temperature close to the melting point for periods ranging from 
12 hours to 10 days. The crystals growing on the cooler parts of the 
stock usually present growth facets which are true to the crystallographic 
- plane to within a few seconds of arc. Initial examination of these facets 
under the phase contrast microscope reveals what appear to be perfectly 
plane mirror surfaces. This is not surprising since any growth steps 
on these metals should be less than about 5A and are normally too 
small for detection ; a step of 20 4 is only just visible under the existing 
phase contrast microscopes (Forty 1952d). However, it has been 
discovered that by mounting the crystals on a piece of Plasticine the 
surfaces can be tarnished by a particularly delicate reaction which 
concentrates a bulky material along the edges of the monomolecular 
growth layers (Forty 1952¢c). This is one example of what we now 
recognize as a general phenomenon where small growth steps on a number 
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of materials are rendered visible only because they have been ‘ decorated ’ 
after growth has ceased. A similar phenomenon accounts for the high 
visibility of the monomolecular steps found on the prism faces of beryl 
crystals (Appelbe and Kay 1952), where the surfaces have been micro- 
etched with a concentration of etch pits along the edges of the growth 
layers. 

Figures 22 and 23 (Pls. 11 and 10) are good examples of the growth 
patterns observed on basal surfaces of magnesium crystals which have 
been tarnished by the Plasticine. It is not certain whether these 
dislocations, which lie out of the normal glide plane for a hexagonal 
metal, have any effect on plastic deformation. So far all attempts to 
observe their movement when the crystals have been compressed have 
resulted only in the occurrence of other easier kinds of deformation 
such as bending. Since these metals grow usually in the form of a thin 
platelet having only the basal surface well developed, an examination 
of the prism faces where it might be hoped to observe the easy glide 
process in operation is impossible. 

Rather surprisingly, crystals of zinc prepared by this technique show 
no evidence of growth by the dislocation mechanism. They prefer to 
thicken on the basal surface by the addition of monolayers of zinc whose 
nucleation appears to be catalysed by the presence of small foreign 
particles. Each small hill on the basal surface of the crystal photographed 
in fig. 24 (Pl. 11) consists of several concentric steps each 5 a high and 
thought to be centred on a small crystal of foreign material which is 
probably zine oxide. Dawson (1953) has suggested that these hills are 
produced by the growth from pairs of dislocations of opposite hand 
which have since moved together to complete the inner loop. However, 
it is unlikely that this can have happened so completely in every case. 
Moreover, the above explanation is well supported by the appearance 
of a large clump of material at the centre of most hills. 

Growth spirals have been found on both cube (see fig. 25 (PI. 12)) 
and octahedral faces (fig. 26 (Pl. 12)) of silver crystals grown from the 
vapour. The evidence presented in §4.1 showing that dislocations 
located by these spiral patterns on silver can glide also suggests that 
they are unit dislocations of the structure and usually lie in a {111} 
plane. This is the first time that unit dislocations have been seen in 
a cubic crystal. Previously a major criticism of the dislocation theory 
of crystal growth was that spirals had been observed only on crystals 
growing in the form of thin plates with layered structures such as cadmium 
iodide, or on crystals with highly complex ionic structures such as beryl. 
The reason for the accumulation of evidence for spiral growth on the 
thin platelets is simply that these are usually more convenient for 
examination, presenting only one or two large surfaces of high 
crystallographic quality. 

The sensitive microscope techniques for observing growth spirals 
which so effectively locate dislocations in crystals are naturally limited 
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in their application. The method requires a growth surface which is 
true to the appropriate plane to within a few seconds of are and it is 
difficult in practice to produce such surfaces much larger than a few 
millimetres. Any mechanical tests to observe unit slip by the movement 
of single dislocations must be applied, therefore, to very small crystals. 
Moreover, the performance of any available microscopes is such that 
steps smaller than 20 4 (and we are usually interested in steps as small 
as 3A when we consider the plastic deformation of metal crystals) 
cannot be detected without employing the ‘ decorating’ techniques 
which are obviously limited in application. Although unit slip, that 
is slip occurring by the movement of single dislocations, has already 
been observed on a number of crystals, including a metal, no experiments 
have been made yet where crystals have been intentionally deformed. 

It appears, then, that until techniques fer detecting simple © un- 
decorated’ steps on surfaces are available, further searches for 
dislocations in metal crystals and their influence on plastic deformation 
must rely on properties other than that of producing spiral growth. 
One of these is the local solution of a crystal induced by the presence 
of a dislocation ; either because the elastic strain of the lattice around 
a dislocation enhances the chemical potential or because dislocations 
accumulate impurities in solid solution which may in turn facilitate 
chemical attack. If, indeed, an etch pit is produced where dislocations, 
and only dislocations, meet the surface of a crystal, it is possible to make 
critical analyses of crystal perfection by a technique which is largely 
independent of high surface quality and does not require very refined 
microscope techniques. 

That an etch pit can be formed where a screw dislocation meets a 
crystallographic surface has been demonstrated admirably by F. H. Horn 
(1952). He has been able to recognize a particular constellation of 
dislocations in a crystal of silicon carbide from the corresponding spiral 
pattern on a growth surface (see fig. 27 (a) (Pl. 13)). When the crystal 
is immersed in a fused mixture of potassium carbonate and sodium 
carbonate the surface structure is rapidly dissolved but the attack is 
concentrated mainly around the dislocations. Figures 27 (6), (c), (d), (e) 
(PI. 13) show how large etch pits are developing during the immersion 
_ at exactly those places where screw dislocations are known to exist. 
This preferential solution where screw dislocations meet habit faces 
might proceed by a mechanism similar to that responsible for crystal 
growth. 

A similar phenomenon has been observed on crystals of cadmium 
iodide. Figure 28 (Pl. 14) shows a spiral growth pattern on a basal 
surface with a triangular pyramidal pit at the centre of the spiral. This 
pit was formed by the slight solution of the surface after growth had 
ceased. The surface has been shadowed with a beam of metallic silver 
at an angle of incidence of about 85° before examination under the optical 
microscope, to reveal the internal shape of the shallow pit. Since the 
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growth steps are about 2000 4 high it can be concluded that this is an 
etch pit centred on a large dislocation group whose Burgers vector is 
some 300 molecular thicknesses. 


§3. ARRAYS OF DISLOCATIONS IN CRYSTALS 
3.1. Haperiments on the Polygonization of Crystals 

A considerable amount of evidence for the existence of dislocations can 
be derived from experiments on the polygonization of crystals. Briefly, 
if a crystal has been plastically deformed and annealed under conditions 
that are unfavourable for the onset of the normal or so-called primary 
recrystallization (a term adopted by Cahn (1950) to distinguish this more 
general phenomenon from the polygonization described here) a particular 
form of structural rearrangement takes place. The crystal, still essen- 
tially a single crystal, is divided into a number of small, almost perfect 
blocks or sub-grains separated by boundaries where the orientation of 
the lattice changes by only a small angle. This new form of recrystalliza- 
tion, the polygonization of a crystal, accompanies an anneal after a 
fairly homogeneous deformation rather than an inhomogeneous strain 


which is usually necessary for primary recrystallization. The polygoniza- 


tion inside the crystal can be revealed by the splitting of Laue spots, 
distorted into streaks (‘ asterisms’) by the initial deformation, into a 
set of discrete spots as the substructure develops. 

The splitting of asterisms in Laue x-ray photographs had been observed 
by a number of earlier workers, including Andrade and Tsien (1937) and 
Konobeevsky and Mirer (1932) who were investigating the perfection of 
crystals of rock salt. The recent detailed studies by Lacombe (1944, 
1948), Cahn (1950) and by Guinier and Tennevin (1950), however, have - 
resulted in a complete description of the process of polygonization by the 
production of dislocations and their subsequent assembly to form sub- 
boundaries. Cahn, working principally with single crystals of zinc, but 
also with copper, aluminium and magnesium, has shown that a crystal 
readily polygonizes if it is plastically bent about an axis in the slip plane 
normal to the slip direction and then annealed at temperatures close to 
the melting point. Guinier and Tennevin have made an extensive study 
of the polygonization of aluminium using x-ray techniques which are 
much more sensitive to small changes of crystal orientation than the 
simple Laue method used by Cahn. They conclude that an anneal even 
at a temperature considerably below the melting point after the crystal 
has been deformed only slightly by bending, tension or compression is 
sufficient to produce the polygonized state. The following discussion 
will show that, since zinc can glide easily only on the basal plane whereas 
aluminium has at least three different easy glide planes, this easier poly- 
gonization after a more general kind of deformation might be expected 
for aluminium. 

The suggestion, emphasized by Cottrell (1949), that the initial deforma- 
tion produces an excess of dislocations of the same sign which subsequently 
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move through the glide plane during anneal to form stable arrays inside 
the crystal leads to an excellent description of this phenomenon. In 
particular a crystal of zinc bent about an axis lying in the basal plane 
(the basal planes being the only planes for easy glide) and normal to the 
slip direction should contain an excess of edge dislocations of one kind 
all lying in these planes of easy glide. This situation is represented 
schematically in fig. 29 (a). More generally, for face-centred cubic 


Fig. 29 


(a) (b) 


The polygonization of a crystal. (Cottrell 1953.) 
(a) The introduction of dislocations by bending. 
(6) The formation of stable arrays of dislocations after anneal. 


Fig. 37 


Tilt boundary in a crystal composed of a grid of parallel edge dislocations. 
(Burgérs 1939.) 


crystals such as aluminium an excess of dislocations of the same sign 
can be introduced into one set of glide planes by any form of inhomo- 
geneous deformation. A homogeneous deformation will, of course, 
produce no dislocations but, since aluminium has intersecting slip planes, 
an intended homogeneous deformation easily becomes inhomogeneous, 
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Alternatively, of course, the introduction of a number of similar dis- 
locations by plastic deformation can be described as producing a crystal 
having bent glide planes. This bending of glide planes in deformed 
crystals has been very beautifully demonstrated by Nye (1949) who made 
an extensive optical study of the internal strains in silver chloride. 

During the anneal these excess dislocations are thought to glide and 
climb through the crystal lattice into more ordered arrays (see fig. 29 (b)) 
which can then describe the polygonized state completely. The crystal 
is no longer smoothly bent but consists of small blocks of good structure 
separated by walls of dislocations. That a wall of similar dislocations 
arranged fairly regularly must produce a change of orientation in the 
crystal has been realized for some time (Burgers 1940, Bragg 1940). Each 
constituent spot in the x-ray asterisms can now be attributed to reflection 
from one particular small block of good crystal. 

The dislocation mechanism for polygonization predicts that if the 
deformation was a bend utilizing only one glide system the sub-boundaries 
formed after annealing should lie perpendicular to the glide direction. 
Therefore their traces in a surface which is nearly parallel to the slip 
direction and normal to the glide plane should be perpendicular to slip 
lines on the surface. Cahn has verified this by lightly etching polished 
surfaces after polygonization. Figure 30 (Pl. 14) is a micrograph of a 
zine crystal which shows the straight boundaries revealed by a light etch ; 
the spacing of the boundaries is consistent with the x-ray data for these 
crystals. Figure 31 (PI. 15), a micrograph of an etched surface of a 
polygonized crystal of aluminium, shows clearly rows of etch pits which 
delineate sub-boundaries lying normal to the fine slip traces. 


3.2. The Identity of Sub-boundaries in Crystals 
Figures 30 and 31 show how the trace of a polygonization boundary 
in the free surface of a crystal can be revealed after a light etch as a row 
of small pits. Having interpreted the formation of boundaries inside a 
polygonized crystal as an assembly of dislocations into stable arrays, 
we might now proceed to describe how alignments of etch pits observed 
in the etch patterns on other crystals have been associated with the 
presence of similar sub-boundaries likewise composed of dislocations. 
Such alignments of etch pits have been observed by Lacombe and Beaujard 
(1944, 1948 a, b) on the surfaces of aluminium crystals for example. They 
use an etchant consisting of aqua regia and hydrofluoric acid which has 
the property of attacking an electropolished surface at only particular 
points. Networks of alignments of etch pits (see fig. 32 (PI. 15)) often 
appear on the surfaces of well annealed crystals and Lacombe and 
Beaujard have reported that an x-ray examination reveals small changes 

of orientation across boundaries traced by these rows of pits. 
The localized action of some etchants raises the interesting question 
of what causes an etch pit to be formed at one particular point on the 
surface and not at others, The evidence that an etch pit can be formed 
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at the point where a screw dislocation emerges on a crystal surface has 
already been discussed in §2.2. This evidence is now further substan- 
tiated by the work of Cahn and of Lacombe and Beaujard which shows 
the appearance of rows of etch pits where sub-boundaries meet a crystal 
surface. Although we might be reasonably certain that an etch pit can 
be formed where a dislocation meets the surface of a crystal of aluminium 
it is not yet clear whether every dislocation produces a pit or every pit 
represents a dislocation. A recent re-investigation of the etching of 
super purity aluminium by Lacombe’s technique (Forty and Frank 1953, 
to be published) gives some evidence that dislocations alone do not suffice 
to produce etch pits, but that traces of impurity in the metal also play a 
part: a possible interpretation is that the impurities produce the etch 
pits, but only when accumulated in sufficient concentration at the 
dislocations. This is of course a special case in which the essential 
attack is not upon the metal crystal but upon a relatively thick protective 
oxide layer. 

Shockley first suggested that each pit in one of the alignments on an 
etched surface should be centred on a dislocation. If a sub-boundary 
consists only of a grid of parallel edge dislocations with Burgers vector 
a and separated by a distance fA, it simply tilts the lattice by an 
angle 9=2 sin-1(a/2h) (see fig. 37). This relation has been investigated 
very recently by Vogel, Pfann, Corey and Thomas (1953). Single 
crystals of germanium were grown from the melt and then etched in a 
mixture of nitric acid, acetic acid, hydrofluoric acid and bromine to 
reveal rows of very uniformly spaced etch pits like those photographed 
in fig. 33 (a), (b) (Pl. 16). The change of orientation measured by 
x-ray methods across these rows was found to agree very closely 
with that calculated from the spacing of the pits on the assumption that 
they are simple tilt boundaries composed only of parallel edge dislocations 
normal to the free surface. In particular, the row of pits, spaced 2-585 
microns apart, in fig. 33 (a) lies along the trace of a lineage boundary in 
germanium across which the lattice is tilted by 28 seconds and which 
must be composed therefore of dislocations spaced 2-972 microns apart. 
Similarly, the spacing of pits in fig. 33 (b) agrees with that for dislocations 
in the boundary, = 18 seconds, as calculated from X-ray measurements. 
: This observation with germanium, then, provides very convincing evidence 


that edge dislocations can exist in real crystals and can stimulate the 
formation of etch pits. 


3.3. The Structure of Sub-Boundaries inside a Crystal 


A series of observations on the separation of photolytic silver in 
boundaries between neighbouring elements of a polyhedral sub-structure 
in crystals of silver bromide have recently been reported by Hedges and 
Mitchell (1953 a). The conclusion that the regular patterns of particles 
of silver in these boundaries can only be interpreted as actually revealing 
dislocation lines inside the crystals marks a considerable advance in the 
accumulation of evidence for dislocations, | : 
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A sub-boundary composed of similar dislocations in a bubble raft 


(Lomer and Nye 1952). 
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Paraffin n—C,,H,, crystallized from petroleum ether on formvar substrate, 
Gold-palladium shadowed. x 24.00 


Electron micrograph by H. F. Kay and Mrs, B. J. Appelbe after Dawson and Vand (1951). 
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Paraffin »—C3,H,, crystallized from petroleum ether on formvar substrate. 
Gold-palladium shadowed. x 27 000 


- Electron micrograph by H. F. Kay and Mrs. B. J. Appelbe after Dawson and Vand (1951). 
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Fig. 11 


Large hole at centre of spiral on silicon carbide crystal. (Forty.) x 300 


Fig. 12 


from pair of dislocations on silicon carbide. (Forty.) 


x 300 
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Fig. 13 


Growth spirals on silicon carbide. (Verma.) 200 
Fig. 14 


: Adjacent growth hills on silicon carbide. Note that the cores of the dislocations 
« 300 


are hollow. (Amelinckx 1951.) 
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Neighbouring growth hills on cadmium iodide crystal. Step-heights : 


Single centre 185-+3 4; Double centre 156+3 a. (Forty.) 
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Fig. 17 


Phase contrast micrograph of surface of cadmium iodide crystal. (Forty.) 600 


Fig. 18 


Step-height 281 40:5 a. 


Internal interferogram for crystal photographed in fig. 17. 
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Electron micrograph of replica of cadmium iodide crystal, showing large hexagonal holes at 
the dislocations. (Appelbe and Kay 1953.) 


Fig, 2: 


Cluster of similar dislocations in magnesium crystal. (Forty 1952.) 
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Dislocations emerging on cube face {100} of silver crystal. (Forty and Frank 1953.) 1201 


Fig. 26 


A dislocation emerging on an octahedral face {111} of silver crystal. 


(Forty and Frank 1953.) x 1200 
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Fig. 27 


SiC crystal 


(c) K525 
K,CO;—Na,CO, (3 : 1) 


5 min. etch 


Ay (f) O25 
K,CO,—Na,CQ, (3: 1) K,CO,—Na,CO, (3 : 1) K,CO;—Na,CO,(3 =) 
10 min. etch 40 min. etch 80 min. etch 


The etching of a surface of a crystal of silicon carbide. (Horn 1952.) 
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Fig. 28 


Triangular etch pit at centre of growth spiral on cadmium iodide 
crystal. (Forty.) <LOOO 


Fig. 30 


Traces of polygonization boundaries on surface of zine crystal. (Cahn.) 


Ao FORM Phil. Mag. Supple Vola3; No. 9; Pl tS. 


Kig. 31 


Traces of polygonization boundaries on surface of aluminium crystal. These 
are perpendicular to the slip traces. (Cahn 1950.) 
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Network of alignments of etch pits on polished surface of annealed 
aluminium crystal. (Lacombe 1948.) x75 
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(b) x 250 
(Vogel et al. 1953.) 
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Dislocations in silver bromide. (Hedges and Mitchell.) 1200 


Ps 


A. J. FORTY Phil. Mag. Suppl. Vol. 3, No. 9, Pl. 18. 


Fig. 39 


A cube face of silver showing a slip trace produced by the movement of the dislocation 
from the centre of the spiral in the final stages of growth. (Forty and Frank.) x 1200 


Fig. 40 
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A cube face of silver showing a slip trace produced by the movement of the dislocation 
from the centre of the spiral in the final stages of growth. (Forty and Frank.) 1200 
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Fig. 41 


The movement of a screw dislocation from the centre of a growth spiral on 
a crystal of n-nonatriacontane. (Dawson and Anderson 1953.) 


A small movement of dislocations in a crystal of beryl. (Griffin.) The three 
layers discussed are marked by arrows. If the two upper layer edges are 
traced down it will be seen that they end on dislocations. x 1500 
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Fig. 44 


The formation of a unit slip step on a cube face of silver after growth has ceased. 
(Forty and Frank.) < 1200 


Formation. of a unit slip step on cube face of silver by the movement of a dislocation beford| 
growth ceased, (Forty and Frank.) 1200) 
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Fig. 46 


rmation of a number of unit slip steps on a cube face of silver. (Forty and Frank). x 1200 


ystal of n-nonatriacontane, 
(Dawson and Anderson 1953.) 


Irregular slip line in surface of er 
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Fig. 48 


Slip step produced by the movement of a large dislocation in a crystal of salol. 
(Amelinckx and Votava 1953.) 
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A limited slip zone on the surface of a beryl crystal. (Griffin 1952.) x 625 
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A dendrite boundary in aluminium revealed by a line of etch pits. 300 
(Forty and Frank.) 
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The crystals which have shown this remarkable phenomenon have 
been grown by the slow solidification of a melt of very pure silver bromide 
between two polished flats of Pyrex glass. Because of the high differ- 
ential thermal contractions involved the crystals are badly strained on 
cooling and some of this strain is retained even when they are separated 
from the flats. After an anneal at a temperature inside a rather critical 
range below 350°c, and exposure to light, the photolytic silver is observed 
to separate out into fairly well ordered patterns of lines inside the crystals. 
Most of the lines lie in flat or curved surfaces which divide the crystal 
into approximately polygonal cells of dimensions of the order of magnitude 
of 10 microns. Boundaries where the silver separates into rows of discrete 
particles (as in fig. 34 (Pl. 17)) are best interpreted as simple tilt boundaries 
where each row of silver particles marks an edge dislocation. Another 
kind of boundary, illustrated by fig. 35 (Pl. 17), consists of a hexagonal 
network of lines of precipitated silver. Again, this can be interpreted 
as a network of dislocation lines, traced out by the photolytic silver, 
which builds a boundary across which the lattice is rotated by a small 
angle about an axis not parallel to the sub-boundary surface. Some 
crystals are threaded by a three dimensional network of lines of silver 
(see fig. 36 (Pl. 17)). This kind of pattern is what might be expected 
for a distribution of dislocations in a well annealed crystal. In fact the 
agreement of all these patterns with the geometrical arrangements of 
dislocations expected for a well annealed crystal (Frank 1952 b, 1953) 
is so good that there can be little doubt that the silver is really delineating 
dislocation lines. 

Additional evidence for the existence of dislocations in silver bromide 
has arisen from the detailed investigation of the formation of the surface 
latent image in photography by Hedges and Mitchell (1953 b). 


3.4. The Dislocation Model of Grain Boundaries 


Further evidence, perhaps less direct than that already discussed, for 
the validity of the description of boundaries in crystals by arrays of 
dislocations can be derived from measurements of the surface energies of 
the boundaries between two misoriented blocks of crystal. Read and 
Shockley (1950) have derived an expression for this energy as a function 
of the angle of misorientation, 0, by considering a simple boundary 


composed of parallel edge dislocations. Such a boundary is represented 


in fig. 37 where the tilt of the lattice is inversely proportional to the 
spacing between the dislocations. They find excellent agreement with 
the experimental data for grain boundary energies prepared by a number 
of workers, Dunn (1949), Aust and Chalmers (1950), Greenough and 
King (1951), even at angles, 0, as large as 30 degrees. This very close 
agreement at large angles of misorientation cannot be accepted with 
any degree of confidence since the model can no longer be valid here. 
As Lomer and Nye (1952) have pointed out from inspection of a bubble 
model, boundaries with angles larger than about 5 degrees cannot be 
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described as simple arrays of dislocations from purely geometrical 
considerations. In a more detailed mathematical analysis van der 
Merwe (1950) has produced a curve for grain boundary energy which 
agrees with the experimental information for small angles but, unlike 
that of Read and Shockley, predicts a much lower surface energy for 
the large angles of misorientation. Obviously, although the dislocation 
model of grain or sub-grain boundaries appears to be correct for small 
angles, both theory and experimental evidence must be improved before 
total agreement can be arrived at for larger angles. One criticism of 
both might be that the presence of dissolved impurity segregated in and 
around the grain boundaries even in a ‘ super-purity ’ metal must surely 
have considerable influence on the boundary energy. 


§4, EVIDENCE FOR THE MOVEMENT OF DISLOCATIONS 


4.1. The Movement of Single Dislocations 

In this section we consider the best evidence available for demonstrating 
the ability of dislocations to move through a crystal under the application 
of fairly small shear stresses. This principle was admirably illustrated 
when small shears were applied to a bubble raft (Bragg and Nye 1947). 
Any dislocation already present in the two dimensional crystal was 
observed to glide along one of the three glide directions towards the 
edge, where a ‘ monostep ’ was raised as a result of this unit shear of the 
lattice. Alternatively, a sufficiently large applied shear stress could form 
a dislocation of the perfect lattice at one edge of the raft which then 
glided smoothly through the structure with the expected result of a 
complete slip of the lattice by one bubble diameter. 

Recent studies of crystal growth have now produced direct evidence 
for the movement of single dislocations in real crystals. The observations 
have, of course, been limited to the surfaces of crystals ; but investigations 
on transparent crystals similar to that made by Hedges and Mitchell 
may soon afford a study of the dynamic properties of dislocations inside 
the crystals. 

Now that the dislocation theory of crystal growth is firmly established 
for a large number of substances it is possible to locate screw dislocations 
at the centres of growth spirals on a surface. Should the dislocations 
move from these positions just before or after growth ceases it is possible 
not only to detect their movement but also to decide how they move and 
sometimes why they move. Naturally, the detection of a slip step which 
is only a few Angstrém units high requires a very sensitive examination 
of surfaces which must be atomically flat over wide areas. Hence 
growth surfaces, for which there are already existing microscope techniques 
for the detection of atomic or molecular steps, should provide the ideal 
conditions for the observation of unit slip lines. 

Various kinds of geometrical patterns of step-lines might be expected 
on a growth surface after a dislocation has moved through the crystal. 
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A simple spiral pattern of the kind shown in fig. 38 (a) indicates a dislocation 
at its centre with a component of its Burgers vector lying normal to the 
crystal surface. 

If this dislocation now moves through the crystal, it raises a slip step 
where it cuts the surface between the centre of the spiral and its new 
position (see fig. 38(b)). The slip step should follow the trace of the 
plane in which the dislocation has moved and should have a height equal 
to that of the spiral growth step. A slight readjustment of the steps due 
to the rounding off of sharp corners and the filling in of re-entrant cliffs 
will lead to the configuration drawn in fig. 38 (c) if the dislocation moves 
just before atomic mobility on the surface finally ceases. Examples of 
this kind of pattern, showing how the formation of slip lines can be readily 
attributed to the movement of dislocations, have been found on crystals 
of silver (figs. 39 and 40 (Pl. 18) for example), and on the n-paraffin, 
nonatriacontane (Dawson and Anderson (1953)—see fig. 41 (Pl. 19)). 
If the slip takes place long before growth ceases, the rearrangement of 
the growth steps will produce a completely new equilibrium pattern, a 
simple spiral centred on the new position of the dislocation. 


Fig. 38 


= 
(a) (0) (c) 


The movement of a dislocation from the centre of a growth spiral. 


The earlier investigations of prism faces of natural beryl crystals by 
Griffin (1952) have similarly shown that anomalies in some growth 
patterns, such as that indicated by the arrows in fig. 42 (Pl. 19), can be 
interpreted only by considering that dislocations have moved short 
distances through the crystals. Griffin has pointed out that, since the 
directions of these small movements are apparently independent of the 
signs of the dislocations, this probably indicates a straightening and 
shortening of the dislocation lines inside the crystal under their own line 
tension. 

Figures 43 (a), (6), (c) show diagrammatically how any arbitrary system 
of growth steps becomes kinked across a slip line when a single disclocation 
cuts through the surface of a crystal. In fig. 44 (PI. 20) a slip step has: 
been raised in the cube surface of a crystal of silver some time after 
growth ceased. In this case the slip step does not ‘interact ’ with the 
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growth steps. On the other hand figs. 45, 46 (Pls. 20 and 21), also showing 
cube faces on silver crystals, are good examples where dislocations have 
moved just before growth ceased so that the growth steps are kinked across 
the slip lines. Where slip steps extend completely across a surface, 
the dislocations must have moved from neighbouring faces or from inside 
the crystal. The perfect kinking of every growth step with all slip steps 
as in figs. 45 and 46 proves that these are always equal and it is 
therefore reasonable to assume that they are monatomic. That is, these 
can be described fairly confidently as observations of unit slip. : 

The slip traces on surfaces of silver and beryl are always straight and 
always follow well-defined directions. These directions usually indicate 
the particular planes in which the dislocations have moved. For example 
those shown in figs. 40, 44, 45, 46 (Pls. 18-21) on cube faces {100} of 
silver are parallel to the edges of the faces and can best be interpreted 
as steps raised by slip in octahedral planes {111} (the crystal is a cubo- 
octahedron). These are the usual planes for easy glide in silver. 


Fig. 43 
(ay al / fail 
(a) (0) (c) 


The kinking of a system of growth steps across a slip step raised in a crystal 
surface by the movement of a single dislocation. 


Occasionally, however as in fig. 39 (Pl. 18), a slip line in a cube face lies 
at an angle of 45 degrees with the edges ; this indicates slip due to the 
glide of a dislocation in a {100} or {110} plane. In the case of beryl, 
Griffin finds that the slip lines are either parallel or normal to the c-axis— 
that is, slip occurs in prismatic {1010} or basal planes. 

On the other hand, the slip steps on the n-paraffins (see for example 
fig. 47 (Pl. 21) by Dawson and Anderson) and on the crystals of salol, 
examined recently by Amelinckx and Votava (1953) and illustrated by 
fig. 48 (Pl. 22), are usually irregular and, even when straight, are rarely 
_ parallel to any particular direction in the surfaces. It appears, then, that 
there are no definite slip planes in these organic crystals; that is the 
dislocations are not confined to any particular plane. 


4.2. The Growth of Slip Bands 
The studies of growth and slip patterns, therefore, not only reveal 
the existence of dislocations in crystals but also demonstrate quite 
clearly that the dislocations can move and that, in doing so, they raise 
a unit slip step in the surface. These are the only instances where unit 
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slip has been observed. More commonly the plastic deformation of 
crystals is investigated with well polished surfaces which are fairly flat 
but are never as close to the cerystallographically low index planes as the 
growth surfaces. Since steps of atomic dimensions can never be detected 
on these surfaces, observations of slip are limited to steps of about 50 4 
or greater. Despite this limitation, however, cinématographic studies of 
the growth of slip lines by Chen and Pond (1952) and by Becker and 
Haasen (1953) have revealed a number of interesting features. Observable 
slip steps do not always extend completely across the area under examina- 
tion but their visibility appears to decrease gradually along their length 
until they can no longer be detected. If the deformation is continuously 
observed during the application of the stress, the slip steps appear to 
grow both in length and in height above the surface. It is possible that 
the large slip steps or slip bands, several hundred Angstrém units high, 
commonly observed on metal crystals have grown steadily under applied 
stress (and not spontaneously) by this kind of mechanism starting 
initially with the appearance of unit slip on the surface. 

This phenomenon of the growth of slip bands has attracted considerable 
attention both theoretically and experimentally (see, for example, the 
work of Heidenreich and Shockley (1948), Brown (1952), and of Kuhl- 
mann-Wilsdorf, van der Merwe and Wilsdorf (1952)). It is generally 
accepted that its explanation requires a process whereby dislocations 
can be ‘generated’ continuously in one particular slip band when a steady 
stress is applied to a crystal. The most satisfactory model for such a 
dislocation multiplication process is that invented by Frank and Read 
(1951), now referred to as the Frank—Read Source. In this model it is 
supposed that a dislocation line suitably anchored inside the crystal, by 
other dislocations not lying in the glide plane for example, can expand 
under a suitably applied stress in a manner essentially similar to the 
advance of a growth step on a surface. If it is anchored at only one end, 
the dislocation line can be wound into a spiral which continuously raises 
a slip step in the free surface as it expands. A dislocation line anchored 
at two points inside the crystal will continuously generate closed loops of 
dislocation as long as the applied stress is maintained. This is illustrated 
by fig. 49; the shape of the dislocation loops and their spacing will 
depend on the elastic properties of the crystal, the applied stress and the 
length of the source itself. Each time a dislocation line meets the free 
surface a unit slip step is raised here. The slip step, terminated by the 
screw components of the dislocation remaining inside the crystal, will 
lengthen as the loop expands further from the source. The observations. 
of Chen and Pond which are made after the source has generated a 
sufficient number of dislocation loops to raise a visible step in the surface 
can therefore be explained very readily by this model. 

Griffin has found patterns of monomolecular step-lines on erystals of beryl 
which seem to indicate the operation of a Frank—Read source just before 
crystal growth ceased. Figures 50 (a), (b), (c), (2), (@) show how a simple 
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pattern of growth steps might be expected to be modified by the continuous 
generation of dislocations from a source just below the surface. This 
develops what Griffin calls a limited slip zone, in which a number of 
dislocations are arranged symmetrically in two groups of opposite sign 
along a line across which the growth steps are now multiply kinked. 
One example of this particular feature, photographed by Griffin, appears 
in fig. 51, (P1..22); 

Concentration of dislocations or piled-up groups of dislocations in 
limited slip zones in aluminium crystals have been revealed also by the 
clustering of etch pits along slip lines in a polished surface (Amelinckx 
1953). This can also be taken as further evidence for the ability of 
dislocations to produce etch pits. 


Fig. 49 


A Frank—Read source in operation. (Griffin.) A section in the slip plane 
representing the action of a Frank—Read source in an isotropic material. 
The central arc represents the expanding ‘ source’ dislocation line which 
produces the closed dislocation loops shown. Each of these loops expands 
to cut the crystal face in two points, the screw components at the two 
points of intersection of each loop being of opposite hand. 


4.3. The Movement of Arrays of Dislocations 

There is some evidence that sub-boundaries, which are now best 
described as grids of dislocation lines, can move fairly easily through a 
erystal. For example the lack of any similarity between the networks 
of pit-lines in etched surfaces of aluminium crystals before and after an 
anneal close to the melting point (Lacombe and Beaujard 1948) indicates 
that the polygon boundaries move extensively during the heat treatment. 
This is further substantiated by Guinier and Tennevin who observed a 
continuous change in the fine structure of x-ray reflections during the © 


Direct Observations of Dislocations in Crystals 21 


anneal of aluminium. Such a movement during an anneal must surely 
be attributed to the rearrangement of dislocations into more stable 
arrays. 

The mathematical theory of dislocations suggests that a low angle 
tilt boundary consisting of fairly widely spaced parallel edge dislocations 
in a crystal bounded by free surfaces parallel to the slip direction should 
move easily through a crystal by the co-operative glide of its component 
dislocations under an applied stress not much greater than that required 
to move a single dislocation. This has been verified recently by Parker 
and Washburn (1952; see also Li and others 1953) who have observed 
the motion of bend planes in cleavage plates of suitably loaded crystals 


Fig. 50 
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The formation of a limited slip zone on a crystal surface by the operation of 
a Frank—Read source below the surface. (Griffin.) 
The development of a limited slip-zone as observed on a crystal face with a layer 
system already present. 


(2) 


of zinc. A thin cleavage tablet of zinc, in which the basal planes are bent 
sharply by about one degree of are, is clamped at one edge so that these 
bent planes are approximately horizontal, and is then loaded vertically 
at the other edge. After the application of a critical load the boundary 
(that is the plane across which the basal planes are bent) advances steadily 


22 A. J. Forty on 


through the surface in one direction and retreats in the opposite direction 
as soon as the load is reversed. This reversal is illustrated by the series. 
of cinémicrographs in fig. 52 (Pl. 23) where the position of the boundary 
is revealed by a form of oblique illumination. The series of photographs 
in fig. 53 (Pl. 23) show similarly how a hexagonal system of boundaries 
expands outwards under the continuous application of stress when a 
cleavage slip is loaded with a conical pointed indentor. The additional 
observations that smaller angle boundaries move faster than large angle 
boundaries and that the rate of movement increases exponentially with 
the temperature of the crystal are all consistent with the ideas of dis- 
location theory. 

§5. THE STATE OF DISLOCATION 

5.1. The Density of Dislocations 


It is now clearly demonstrated that dislocations really exist. The 
growth patterns on habit surfaces can be used to locate dislocations which 
need not be pure screw dislocations but may be dislocations with screw 
components normal to the surface or may be pure edge dislocations which 
do not meet the surface normally. Whereas the dislocations in the 
sub-boundaries revealed by Lacombe are probably of mixed edge and 
screw-type, like those observed inside crystals by Hedges and Mitchell, 
those made by Cahn are nearly all edge dislocations as a consequence of 
the particular kind of deformation used. The x-ray and micrographic 
studies of lineage boundaries in germanium crystals carried out by Vogel 
et al. indicate that the dislocations here are nearly all edge type. 

As far as the mechanical properties are concerned the density of 
dislocations in a crystal is an important parameter of the degree of 
perfection. Studies of crystal growth, which have necessarily been made 
on good crystals grown slowly from solution or from the vapour phase 
and which reveal only those dislocations which meet the free surface, 
indicate a consistently low density varying between 104 and 10® dis- 
locations threading every square cm of surface. The density of etch 
pits on good crystals of aluminium grown slowly from the melt and well 
annealed is, again, only about 10° per cem?. Although it is by no means 
certain that every etch pit represents a dislocation or that every dis- 
location produces an etch pit, this figure might’ be considered to suggest an 
‘ order of magnitude ’ value for the density of dislocations. All estimates 
of dislocation densities derived from this kind of study are considerably 
lower than that of 10* per cm? indicated rather indirectly by x-ray 
studies. This latter value, almost invariably used in discussions of the 
perfection of crystals, might be revised in the light of our present experi- 
mental knowledge. The recent x-ray studies by Hirsch and _ his 
collaborators tend to favour this lower value for the density of dislocations. 


5.2. The Origin of Dislocations 
Although the theory of growth shows that real crystals will grow to a 
substantial size only if they are dislocated, the origin of dislocations in 
the initial seed must yet be explained. In some forms of crystal growth 
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it is thought that dislocations are not necessary in the initial stages but 
become important only after the seed has reached a considerable size. 
This is observed in the growth of thin platelets such as crystals of cadmium 
iodide and lead iodide. The interference colours, produced by reflections 
from the two parallel surfaces of the thin crystals when they are illumin- 
ated with parallel white light, show that the platelets, initially having a 
perfectly uniform thickness, are apparently growing laterally on only 
the higher index planes from a solution which is fairly highly super- 
saturated. The sudden appearance of spiral growth hills on the basal 
surfaces of the platelets therefore indicates the actual formation of 
dislocations which now assist the thickening, hitherto impossible on the 
perfectly flat surfaces. Frank (1951) has suggested that this spontaneous 
formation of dislocations can be accounted for by the buckling of thin 
crystals under a non-uniform distribution of stresses, after which the 
strain is relieved by a slip of the structure. Screw dislocations whose 
Burgers vectors are equal to the amount of slip are left in the crystal 
where slip is incomplete. The buckling might arise from a non-uniform 
distribution of impurities embodied in the crystals during growth or it 
might be produced mechanically by convection currents or the pressure 
of neighbouring crystals. The importance of impurities is suggested 
by the observation that dislocations in lead iodide, usually very small for 
the pure crystal, are considerably larger when small amounts of cadmium 
iodide are added to the solution. That dislocations can be formed by 
mechanically applied stresses has been demonstrated by Korndorffer 
and co-workers (1952). Spiral growth hills appeared immediately after 
a crystal of cadmium iodide, which had previously shown no surface 
structure, was indented with a glass rod. The growth hills sometimes 
appeared close to the indentation but often at considerable distances 
from it. A similar observation has been made by Pick (1953) who found 
that an anneal produced clusters of growth hills surrounding a scratch 
previously made in a cleavage surface of a rock salt crystal. 

Another possible mechanism for the production of dislocations in the 
early stages of the history of a crystal has been suggested by the appear- 
ance of large dislocation groups in crystals of gold grown when the 
contents of a gold-plating solution were boiled down (Amelinckx 1952 
—see fig. 21 (Pl. 11)). It has been suggested that, since sodium chloride 
probably precipitates first, this forms seeds on which the gold crystals 
subsequently grow. Hence, the large dislocation groups, normally 
unstable in an ordinary crystal of gold, might be inherited from the initial 
seed or result from the large misfit between the two structures. 

Should a crystal grow dendritically from a cooled melt, any small 
misorientation between neighbouring dendrite arms might develop walls 
of misfit when solidification is completed. Hence, although the individual 
dendrites might be good single crystals they can be separated by walls of 
misfit, described as arrays of dislocations, across which the lattice orienta- 
tion changes by a small angle. In fig. 54 (Pl. 24) this misorientation 
across a dendrite boundary, formed by supercooling a melt of aluminium, 
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has been revealed as a line of pits after etching. The cluster of etch pits 
on either side of the boundary can be attributed to the separation of 
impurities here during the final stages of solidification which then segregate 
on to the dislocation lines. In this region, only, can we expect every 
dislocation to produce an etch pit. 

Yet another possible mechanism for the formation of dislocation has 
been emphasized by the studies of macromosaic structure in single 
crystals of tin grown from the melt by Teghtsoonian and Chalmers (1951). 
This visualizes the condensation of vacancies in the solid into flat discs 
which subsequently collapse to form rings of dislocation, as suggested 
earlier by Frank (1950) and Seitz (1950). Teghtsoonian and Chalmers 
indicate how those rings of dislocation formed in a high temperature zone 
close behind the solid-liquid interface might move into more stable arrays 
building fairly large angle mosaic boundaries in the crystal as growth 
proceeds. 
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§1. InrRopucTION 

Ir has long been known that the electrical resistivity of a metal is a 
property which is sensitive to changes of structure brought about by 
cold-working. In principle, therefore, a study of resistance changes 
during deformation and during annealing is capable of yielding informa- 
tion about the structure of plastically deformed metals, but until recently 
it has been impossible to relate changes of resistivity with any certainty 
to specific lattice defects such as vacancies, interstitial ions and disloca- 
tions. Recent advances have come about mainly through the employment 
of recovery experiments which have been designed to reveal differences 
in the mobility of several types of lattice defects and so to lead to their 
identification. Further, two new techniques have been developed by 
which it has been possible to create particular types of lattice defects, so 
that their effect on resistivity can be studied more or less without the 
complication of the presence of appreciable concentrations of other 
defects. The first of these consists in quenching a metal from a high 
temperature and attempting to freeze-in defects such as vacancies which 
are present in greater concentrations at high temperatures than at low. 
The second type of experiment consists in subjecting a metal to irradiation 
by electrons, neutrons, protons, deuterons or other particles, so that by 
collisions within the lattice, vacancies and interstitial ions are created as 
primary defects. We shall first summarize calculations of the effect of 
lattice defects on resistivity and then discuss the results obtained in the 
three main types of experiment—quenching, irradiation, and deformation. 

An early version of this review formed the basis of an introductory 
paper given at a recent informal conference on Lattice Defects and the 
Electrical Resistivity of Metals (Broom 1953). I am grateful to all 
the participants in that conference who have stimulated and made 
possible the preparation of this article. 


§2. THEORY 

The primary theoretical problem is the calculation of the effect on 
electrical resistivity of various lattice defects. The secondary problem 
of the estimation of the mobility of various defects will be discussed 
in § 2.2. . 

2.1. The Effect of Defects on Resistivity 

2.1.1. Vacancies 

A calculation has been made by Dexter (1952 b) using a Thomas—Fermi 
method to determine the effect of point singularities on resistivity. His 
result for copper, silver and gold was that one atomic per cent of vacancies 
would give an increase of resistivity of ~0-4 w82cm. 

Jongenburger (1953) has pointed out an error in Dexter’s approach 
and by a different method has found that vacancies have an appreciably 
greater effect on resistivity, namely 1-3 pQem per atomic per cent of 
vacancies in copper. No explicit calculations have been made for pairs 
of vacancies or for groups of three or more, but Seitz (1952 a) has indicated 


28 T. Broom on 


that the aggregation of single vacancies will lead to a fall in resistivity. 
No explicit comparisons with experiment have yet been possible. 


2.1.2. Interstitial Ions 

The only estimate is due to Dexter (1952 b) who found that one atomic 
per cent would increase the resistivity of copper, silver or gold by 
~0°6 wQem. 

2.1.3. Dislocations 

Several accounts of the resistivity due to dislocations have been 
published, notably by Koehler (1949), Mackenzie and Sondheimer (1949), 
Landauer (1951), Hirone and Adachi (1951), and by Dexter (1952 a). 
These have been criticized by Hunter and Nabarro (1953) who have given 
new results of their own. In accord with previous calculations, marked 
anisotropy of scattering by a single edge dislocation is found. There is 
no resistance in the direction of the dislocation axis and the resistance 
in the slip direction is one third that in the direction at right angles to 
the slip plane. For a screw dislocation there is again no resistance 
parallel to the axis, but scattering in directions perpendicular to the axis 
is isotropic. 

Although there is evidence of anisotropy of resistivity in heavily 
worked metals (§ 5.6), the effect is so small that for comparison of theory 
with experiment it is justifiable to consider a random arrangement of 
dislocations. The following results (Hunter and Nabarro) refer to 
isotropic increases in resistivity due to N dislocation lines per sq. em, 
randomly oriented. 

Copper, edge dislocations 4py,=0-59 x 10-4 N pQem, 

screw dislocations 4pg,=0-18 x 10-4 N pQem. 

Sodium, edge dislocations 4p,—2-10 x 10-4N pQem, 

screw dislocations Jpg=0-18 x 10-4 N np Qem. 

Further, in the case of copper, if we assume equal densities of edge 
and screw dislocations, we have 4p=0-39x10-4N uQem. If we allow 
that up to one half of the total increase in resistivity produced in copper 
by cold working at room temperature may be due to vacancies and 
interstitials, we find N=5 x 10” lines/em? for 4p=0-02 .Qcem. Previous 
estimates of NV for this increase in resistivity range from 5 x 101 (Koehler) 
to 7x 101 (Dexter). 

All recent estimates of V from resistivity data are an order of magnitude 
higher than those deduced in other ways (§ 5.1.2), possibly because of 
the neglect of two aspects of the problem in the resistivity calculations. 
First, although the observed increase in resistivity is almost isotropic 
it is very probable that dislocations are not arranged completely at: 
random. So far it has not been possible to calculate the resistivity due 
to special groups of dislocations such as ‘ pile-ups’ which are thought. 
to be present in work-hardened metals (Mott 1952). Second, the calcula- 
tions take no account of dissociation of dislocations, in close-packed 
metals, into partial dislocations separated by a region of faulty stacking. 
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A crude estimate of scattering from stacking faults has been given by 
Klemens (1953) and it may be comparable with pure dislocation scattering. 
This view receives support from the discrepancy between the calculations 
of Hunter and Nabarro and the density of dislocations estimated in other 
ways. and more directly, from experimental evidence on alloys discussed 
iS Gioe2, 

2.2. The Mobility of Defects 

In practice it is seldom possible to study metals containing only one 
type of defect, so that it is desirable to perform experiments which will 
lead to the discrimination of various types of defect when they are 
present together. This is usually achieved by determining activation 
energies for recovery of resistivity and then comparing the results with 
theoretical estimates of the mobility of simple and complex types of 
lattice defects. 

2.2.1. Vacancies 

In evaluating activation energies for possible diffusion processes in 
metals Huntington and Seitz (1942) and Huntington (1942) found the 
activation energy for movement of a single vacancy in copper to be about 
lev. Seitz (1952 a) has suggested that movement of a pair of vacancies 
may require a lower activation energy because of the lower closed-shell 
interaction when an atom exchanges with one component of a pair. An 
explicit calculation by Bartlett and Dienes (1953) has confirmed this, 
showing that diffusion of a vacancy pair would require rather less than 
half the activation energy necessary for diffusion of a single vacancy. 
They also estimated that the energy required to dissociate a vacancy 
pair in copper lies between 0-25 and 0-59 ev, and hence it is clear that 
some association of single vacancies will occur if they are present in a 
lattice in excess of the equilibrium concentration and have sufficient 
mobility to approach each other. 

No calculations have been carried out for groups of three or more 
vacancies, but large groups would probably be comparatively immobile. 
It would be interesting to know how a fourth vacancy would add on to a 
group of three ; if a planar group is built up there is the possibility, in 
face-centred cubic metals, of the generation of a stacking fault and a 
sessile dislocation (Seitz 1950 a). 


2.2.2. Interstitial Ions 

Two distinct processes seem possible for the movement of interstitial 
ions. In the first, an ion diffuses through the lattice, moving from one 
interstitial site to another, retaining its interstitial identity. In the 
second, an interstitial ion moves on to a normal lattice site, pushing the 
original occupant into a neighbouring interstitial position. Huntington 
and Seitz (1942) have considered that diffusion by the second process 
(interstitialcy diffusion) should have the lower activation energy, and have 
found this to be about 10 ev. As a major part of this energy is required 
for the formation of an interstitial ion, it is likely that movement of an 
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interstitial ion could take place with an activation energy of the same 
magnitude as that for a vacancy. In contrast to the case of diffusion 
of vacancy pairs, interstitial pairs (if stable) would be much less mobile 
than single interstitial ions (Seitz 1952 a). 


2.2.3. Dislocations 


It is not easily possible or indeed profitable to calculate activation 
energies for various mechanisms by which dislocations may move in 
practical cases. During their movements stress fields due to their inter- 
actions change and the energy for movement alters. Experimental 
evidence confirms that the activation energy for thermal recovery of any 
property affected by dislocations depends on dislocation density and, 
for a metal such as copper, may typically be found to be of the order of 
1-2 ev at around 200°c (Phillips and Phillips 1952). 


2.3. The Significance of ‘ Increase in Resistivity” 

Two methods of presenting measurements of the change in resistivity 
have been used. The first, that of giving simply the absolute change in 
resistivity, 4p, is particularly appropriate where the behaviour of any 
one metal is being studied. Since Matthiessen’s Rule is generally well 
obeyed by deformed metals (§ 5.5), dp is independent of temperature 
of measurement (always provided this is not so high that recovery occurs). 
The second method, that of giving the increase in resistivity relative to 
the resistivity of defect-free metal, 4p/p (usually expressed as a percentage) 
is often more convenient from the experimental point of view, but as 
the resistivity of the annealed metal varies with temperature it is always 
necessary to give a value for the reference resistivity or at least to specify 
the temperature of measurement. 

It is frequently tacitly assumed that the relative increase in resistivity, 
Ap/p, is a valuable basis for comparing the behaviour of dissimilar metals 
treated in the same manner at the same temperature. One reason for 
this is the intuitive feeling that the resistivity of a lattice defect should 
be related to the resistivity of the defect-free lattice. Further support 
comes from an analogy between melting and the introduction of defects 
suggested by Nicholas (1953, private communication). It is well known 
_ that for pure metals with a f.c.c. structure, the resistivity is approximately 

doubled by melting and Nicholas has pointed out that this is also true 
for a number of alloys (with the same structure) where the absolute 
resistivity change varies over a wide range. On the other hand, calcula- 
tions of the effect of defects on electrical resistivity (§ 2.1) generally 
derive an expression which gives 4p in terms which do not explicitly 
include the resistivity of defect-free metal. In view of these considera- 
tions and the complications which arise owing to the differing mobilities 
of defects in different metals at the same temperature, it is clear that 
considerable caution must be exercised in comparing a resistivity change 
in one metal with that in another. 
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§3. QUENCHING EXPERIMENTS 

The thermodynamic equilibrium of a given type of defect in a metallic 
lattice is dependent on two quantities. These are the free energy of 
formation of each defect and the contribution made by the defects to 
the entropy of the system. The energy of formation causes an increase 
in the total free energy of the system but the presence of defects increases 
the entropy to a degree calculable from their nature and concentration, 
so causing a decrease in the free energy. It can readily be shown that 
at any temperature there is a concentration of defects for which the 
energy of the system is a minimum. The equilibrium concentration of 
defects decreases with decreasing temperature and is zero at absolute 
zero but of course in practice it is impossible to maintain equilibrium 
on cooling simply because defects cannot diffuse readily at low 
temperatures and are prevented from migrating out of the lattice. They 
then become * frozen-in *. This happens on slow cooling but it is obviously 
possible to cool rapidly or quench from a high temperature and so 
attempt to freeze-in the concentration of defects appropriate to the 
high temperature. Although these considerations have long been 
understood it is only recently that experimental attempts have been 
made to use quenching experiments as a source of defects and as a 
means of obtaining heats of formation. 

As will be shown below, the importance of quenching experiments 
lies in the fact that the only types of defect likely to be quenched-in in 
appreciable concentration are vacancies and vacancy pairs. Such 
experiments offer the possibility of studying their behaviour without 
the complications that arise when appreciable concentrations of other 
defects such as interstitials and dislocations are present. 


3.1. Theory 

3.1.1. The Equilibrium Concentration of Defects 

It is a familiar result of statistical thermodynamics that the equilibrium 
concentration, c, of any species of defect is given by 

c=exp {—(4H,—TAS)/kT} 

where 4H, is the enthalpy (heat) of formation of the defect and AS; is 
the change in entropy (other than the entropy of mixing) associated with 
each defect. Theoretical estimates of 4H, are available for various defects 
in copper so that with the assumption that 4S,/k is of order unity we can 
give estimates of defect concentration at various temperatures : 
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From these estimates and the calculations summarized in §2.1 it is 
clear that measurable effects in quenching experiments will only be 
produced by vacancies. Here it may be noted that dislocations cannot 
be treated in the same manner as vacancies and interstitials, because 
the presence of dislocations in a lattice will not cause a lowering of the 
free energy (Seitz 1952 b). 

By making the assumptions that in an ideal quenching experiment 
(all defects retained), the ‘ quenched-in resistivity ’, Apa, is proportional 
to the concentration of quenched-in defects, and that the defects are 
only of one type, it becomes possible to determine 4H, from measure- 
ments of the variation of 4pg with quenching temperature 79. 

We have 
In App=— 4H, [kT + AS,/k+In A 
where A=Ap,/c. Further, for vacancies in pure f.c.c. metals an estimate 
of AS, can be found from diffusion theory if the activation energies for 
self-diffusion and for movement of vacancies are known (Zener 1952). 
Thus in principle it is also possible to determine A, the increase in 
resistivity for ‘ unit concentration ’ of vacancies. 


3.1.2. Conditions for Quenching-in Defects 

In an ideal quenching experiment the high-temperature concentration 
of defects is preserved unchanged at the lower temperature at which the 
defects are frozen-in. With a finite cooling rate this cannot be achieved 
because of various processes which tend to maintain thermodynamic 
equilibrium by eliminating excess defects. 

Nabarro (1948) has pointed out that dislocations can act as sinks for 
vacancies and Seitz (1950 b) has estimated for copper that on this basis 
something approaching the concentration of vacancies at 1000°c might 
be preserved, if quenching to the freezing-in temperature were carried 
out in Jess than 0-1 sec. Bartlett and Dienes (1953) have indicated that, 
in non-equilibrium conditions such as encountered in quenching, some 
vacancies will combine to produce vacancy pairs (§ 2.2.1). Other possible 
mechanisms can be envisaged for the removal of excess vacancies either 
by annihilation at sinks or by the formation of secondary defects. 
Rigorous theoretical treatment of all the possibilities is impossible, so 
that experimental tests are necessary to show what concentrations of 
particular defects are quenched-in under varying quenching conditions. 


It should then be possible to extrapolate observations to find the effect 
of an infinitely rapid quench. 


3.2. Hxperimental Results 


In addition to the complications discussed in § 3.1.2 there are two other 
factors to be kept in mind. The first is purity of material. Quenching 
effects have been reported which were almost certainly caused by the 
solution of an impurity at a high temperature (e.g. Blazey 1936). The 
solubility of many impurities will vary ,with temperature in a manner 
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similar to the concentration of defects and so give rise to a spurious 
‘heat of formation’. The second factor is that quenching may cause 
plastic deformation by reason of the stresses set up as outer and inner 
regions of a specimen are cooled at different rates. This deformation 
will create lattice defects whose effects may be confused with those of 
quenched-in defects. 

Although quenching experiments offer a unique opportunity for 
determining the properties of vacancies, per se, only a few preliminary 
experiments have yet been carried out. 


3.2.1. Pure Metals 

The only satisfactory measurements that appear to have been made 
are those of Kauffman and Koehler (1952). Gold wires of 99-9909, 
purity were heated at various temperatures before being rapidly cooled 
to room temperature in 7-3 milliseconds by means of a blast of gaseous 
helium. The wires were then immediately immersed in liquid nitrogen 
and resistance measurements made. Typical increases in resistance were 
0-065%, produced by quenching from 690°c and 0-82% produced by 
quenching from 920°c. The large increase in the quenched-in resistance 
produced by increase of quenching temperature was taken to indicate 
that quenching strains were not the source of the resistance changes. 
The authors stated there was some difficulty in measuring the precise 
quenching temperature and they were only able to give a preliminary 
estimate of 4H, as lying between 1 and 2eyv. Recovery experiments 
showed that about a third of the quenched-in resistance annealed out at 
around room temperature, and that the remainder annealed out between 
100° and 500°c. The activation energy for the first process was found 
to be 0-4+0-14 ey. This is surprisingly low for the movement of single 
vacancies according to theory and experiment (cf. § 6.1), but as Bartlett 
and Dienes have shown it is likely that appreciable concentrations of 
pairs were frozen-in. It therefore seems probable that the observed 
‘activation energy’ was not unique and that recovery due to the 
movement of single and paired vacancies was, occurring concurrently. 
The retention, in Kauffman and Koehler’s experiments, of two-thirds 
of the quenched-in resistance after the 0-4 ev recovery stage is a notable 
but fairly common observation (cf. §4.2). It suggests that defects were 
not being completely removed but rather were interacting with each 
other or with other structural imperfections to give secondary defects 
with higher activation energies for movement. 


3.2.2. Alloys 

An additional complication in alloys is that temperature-dependent 
rearrangements of the constituent atoms may occur giving rise to long- 
or short-range order or to clustering. 

As an example of an alloy which is not known to possess an ordered. 
structure we may consider «-brass. It has been found (Broom, Stacey 
and Westwood 1953) that the resistivity of annealed 70/30 and 71/29 
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brass measured at —183°c is sensitive to rate of cooling even from 
temperatures as low as 200°C. The lowest resistivity was obtained by 
slowly cooling a specimen from 500°c to room temperature before placing 
it in liquid air. Quenching experiments were then performed by heating 
the specimen in a salt bath for a few minutes and then rapidly plunging 
it first in iced brine and then in liquid air. The relationship between 
quenching temperature, 7'g, and the relative increase in resistivity, 
Apg/p. is shown in fig. 1. Excellent agreement was obtained with wires 
of differing dimensions so that it is unlikely that the effect was due to 
quenching strains ; the agreement also suggests that the high-temperature 
concentration of defects was effectively maintained. Further, the 
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Change in resistivity, 4pg/p, produced by quenching annealed « brass from 
temperature 7'9(°K). (Measurements at —183°cC, p_jg34 »Qem.) 


changes occurred so rapidly, even at relatively low temperatures, that it 
_is unlikely that they were due to the solution or precipitation of 
impurities. The slope of the curve in fig. 1 gives a value of 4H,—0-34 ev 
for the type of defect responsible for the quenched-in resistance. 

Although this appears rather low, it is not impossible that it represents 
the energy of formation of vacancies in the alloy. Nowick and his 
co-workers (see Roswell and Nowick 1953) by measurements of stress- 
relaxation and internal friction have found a value of 4H,—0-5 ev in 
a 70/30 silver-zine alloy quenched from similar temperatures. Low 
values of 4H, for vacancies in the alloys may be attributed to the ease 
of their formation in the middle of clusters of zinc atoms (LeClaire 1953, 
private communication). 
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In fig. 1 the deviation from linearity above about 310°c may be due 
to the difficulty, with the technique used, of quenching-in vacancies above 
this temperature. 

Annealing experiments in the range 50°-100°c showed that recovery 
of part of the quenched-in resistance took place with an activation 
energy of 1-0--0-2 ey. Again, this gives indirect support to the vacancy 
hypothesis as from evidence given by the Kirkendall effect, Seitz (1950 b) 
has concluded that vacancies in brass move preferentially via zinc atoms. 
We should then expect the sum of the two measured activation energies 
(1-4+-0-2 ev) to approximate to the activation energy for diffusion of 
zine atoms, which has been found by Correa da Silva and Mehl (1951) 
to be 1-35 ev for the composition used. 

There is, however, an alternative explanation of the observations. 
This is simply that there exists short-range order in «-brass which 
affects the resistivity, even though it is not certain that short-range order 
can have an appreciable effect’ on resistivity (§6.3). However we should 
expect that the activation energies for the ‘ destruction ’ and ‘ establish- 
ment ’ of short-range order would be equal. Further, in quenching 
experiments on a 70/30 silver—zine alloy Nowick has deduced that there 
was no change of short-range order, and this would of course be more 
likely in the silver—zine alloy than in the brass because of the larger 
difference of atomic radii. The observations of Masumoto, Saito, and 
Sugihara (1952) on a specific heat anomaly in «-brass and attributed by 
them to short-range order are of interest, but it is noteworthy that they 
find a maximum effect at a lower temperature, c. 230°C, than that found 
in the resistance experiments. 

Important experiments on quenched-in defects in silver—zine alloys 
have been carried out by Nowick using stress-relaxation and internal 
friction measurements to detect defects and recovery stages (see Roswell 
and Nowick 1953). The original papers should be consulted for details 
of this work. 


3.2.3. Ordered Alloys 

Much smaller concentrations of vacancies can be detected in ordered 
alloys than in pure metals because in partially ordered alloys they are 
capable of promoting ordering which results in large resistivity changes. 
Dugdale and Green have determined activation energies for ordering 
after quenching Cu,Au from just below the critical temperature. Their 
results are best considered in § 4.2.3 in conjunction with other work on 
the same specimens. 

Brinkman, Dixon and Meechan (1953) have studied the effect of 
quenching temperature on the initial rate of ordering of disordered Cu,Au. 
The rate increased with increasing quenching temperature in the range 
542°-704°c in conformity with the supposition that more vacancies 
were being quenched-in on cooling from high temperatures than from 
low. Ordering was observed at 150°c and because of the effect of 
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quenching temperature this was confidently ascribed to the movement 
of vacancies. 
§4. IRRADIATION EXPERIMENTS 


It is clear that if a high energy particle enters a metallic lattice and 
collides with an atom, there will be generated some form of transient or 
permanent lattice defect. Although this has long been realized it is 
only in recent years that large fluxes of high-energy particles have become 
available through the development of accelerators and neutron reactors, 
and that any study of interactions has been made. By far the most 
useful technique in the experimental investigation of irradiation 
phenomena has been the measurement of electrical resistance and in 
turn such measurements have revealed important similarities in the 
properties of lattice defects formed by irradiation and by other methods 
such as quenching and deformation. Useful reviews of irradiation effects 
in solids have been given by Slater (1951), Siegel (1953) and Dienes (1953). 


4.1. Theory 


Formal treatments of the interactions between high energy particles 
and metallic lattices have been given by Seitz (1949) and by Brinkman 
(1953) and will not be reproduced here. The particle may in general 
lose kinetic energy by exciting electrons attached to the atoms of the 
lattice and by elastic collisions with stationary nuclei. The first process 
is important at high energies and virtually results in the formation of a 
filament of heated material in the wake of the particle. This has been 
termed a ‘ thermal spike ’, and experimental effects have been observed 
which are explicable in terms of very rapid heating and quenching of 
small volumes. On the other hand, elastic collisions may result in the 
displacement of atoms from normal lattice sites to give vacancies and 
interstitials and some of these knocked-on atoms may then have sufficient 
energy to cause many more additional displacements in elastic collisions 
and also give rise to further ‘ thermal spikes ’. Considering the behaviour 
of an energetic primary knock-on atom, Brinkman (1953) has shown 
that when its energy falls below a certain value as a result of the processes 
discussed above, the mean free path between elastic collisions becomes 
of the order of the inter-atomic spacing and the resulting disturbed region 
may contain about one to ten thousand atoms. This feature has been 
given the name ‘ displacement spike’. The schematic diagram of fig. 2 
is taken from a summary by Siegel (1953). 

Electron bombardment merits particular attention as it is possible 
to choose the incident energy so that any collision results in the displace- 
ment of a single atom. In order to move an atom from a normal lattice 
site into an interstitial position it is necessary to give it a definite amount 
of energy. For example, the displacement energy required for the creation 
of a vacancy-interstitial pair in copper has been estimated to be 25 ev 
(Seitz 1949), It is clear that in order to produce defects in any lattice 
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the energy of bombarding electrons must exceed a threshold value and it 
can easily be shown that for common metals this value is around 1 Mev 
which is in the range achieved by conventional accelerators. Increasing 
the energy of incident electrons above the threshold value will result in 
increasing separation of vacancy-interstitial pairs formed by collision 
so that by this means it should be possible to test various hypotheses 
which interpret recovery results in terms of annihilation of pairs. 
Although electron bombardments do offer the advantages of greater 
control and of precision in estimation of the number of displacements 
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Bombardment effects in a metallic lattice (schematic: Siegel 1953). 


produced, there is the experimental difficulty that relatively few 
displacements are produced in a convenient bombardment time and so, 
in pure metals at least, the changes in resistivity are small. 


4,2. Haperimental Results 

4.2.1. Pure Metals 

In electron bombardment experiments on pure copper, Eggen and 
Laubenstein (1953) have found a threshold electron energy above which 
the change of resistivity during bombardment increased rapidly. This 
corresponded to a displacement energy of 25+1 ev which is in pheno- 
menally good agreement with the estimate given by Seitz (§ 4.1). Similar 
measurements on a copper-iron alloy yielded an energy of 26-5 ev for 
iron atoms (Denney 1952). 

Owing to the high mobility of defects produced by irradiation the 
temperatures of treatment and observation are of great importance and 
recent experiments have generally been carried out at low temperatures 
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so that none of the primary defects are lost by combination or annihilation | 
at mosaic boundaries or other internal irregularities. Qualitative results 
for copper and aluminium bombarded at —150°c with «-particles have 
been given by Martin et al. (1951). The resistivity of both metals 
increased during bombardment, but after annealing at room temperature 
the aluminium retained no evidence of its irradiation. The only 
statement about the copper was that it retained an increase of hardness. 
Recovery was found to have commenced at temperatures as low as —80°C. 

The most extensive study is that of Marx, Cooper and Henderson 
(1952). Polycrystalline foils of copper, silver, gold, nickel and tantalum 
were irradiated with 12 Mev deuterons at temperatures in the region of 
—140°c. Resistivity measurements were made at intervals during 
irradiation with the results shown in fig. 3. 
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Resistivity increases produced by 12 Mev deuterons at about—140°c 
(Marx, Cooper and Henderson 1952). 


The increases shown by Cu, Ag and Au are in the order of atomic 
number as predicted by Seitz (1949). Experiments at an average 
temperature 10°C lower gave higher increases in resistivity for a given 
total deuteron flux and subsequent annealing experiments disclosed 
the existence of a thermal recovery process operating at a temperature 
as low as —165°c. Pulse annealing experiments were carried out on 
Cu, Ag and Au between —100° and —120°c and assuming a unique rate 
process for recovery it was found that this recovery occurred with an 
activation energy of 0-2+0-05 ev. Similar experiments with Ni and Ta 
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required rather higher temperatures and recovery took place with an 
activation energy of 0-3-+0-1 ev. Annealing experiments at —165°c 
required activation energies of 0-15 ev for Cu, Ag and Au, and 0-2 ev 
for Ni and Ta to account for the observed recovery. 

Finally, annealing experiments at about 28°c were carried out and 
although these were not of high precision it was deduced that recovery 
proceeded at this temperature with an activation energy of about 1 ev. 
Recovery in Cu, Ag and Au at 28°c was nearly complete, but Ni and Ta 
retained a high proportion of the original increase of resistivity even 
after an anneal lasting 264 hours. 

In discussion of their results Marx et al. showed that likely reactions 
between the vacancies and interstitials produced by irradiation which 
could give the ‘ 0-2 ev recovery ’ involve the recombination of vacancies 
and interstitials or the migration of vacancy pairs. There is no reason 
why recombination of vacancies and interstitials should have a unique 
activation energy as this will depend on the propinquity of the reactants 
but the experimental data was not adequate to test whether the 
observed activation energy was unique. Although vacancy pairs can be 
assumed to have a high mobility (§ 2.2.1) it would be necessary to assume 
a high initial concentration of such pairs in order to explain the results. 
In view of the ‘ high * activation energy for movement of primary single 
vacancies it might be supposed that pairs could only be formed in 
“thermal spike’ regions. The recovery observed at room temperature 
was fairly confidently assigned to the movement of single vacancies in 
accordance with calculations summarized in § 2.2.1. 

The work of Marx et al. has been followed by more detailed investiga- 
tions of annealing in copper of 99-99% purity irradiated by 12 Mev 
deuterons. Overhauser (1953) found that most, if not all, of the initial 
bending in low temperature resistivity-bombardment curves (cf. fig. 3) 
was due to annealing at the bombardment temperature. Between 
—185° and —180°c the estimated activation energy for recovery was 
0-2ev. In recovery experiments between —180° and —60°c various 
activation energies were reported ranging from 0-2 ev to about 0-6 ev: 
this behaviour was attributed to the ease of annihilation of very close 
vacancy-interstitial pairs due to the local strains developed. These 
strains would vary depending on the particular configuration created, 
and so account for the spread in activation energies. 

At around —30°c recovery was characterized by a unique activation 
energy of 0:68-0:02 ev and its rate could be accounted for by means 
of a modified second-order reaction equation. This indicated that 
recovery proceeded at this temperature by the volume diffusion of 
vacancies to interstitial atoms with resulting annihilation. Calculations 
showed that the presence of interstitial atoms was sufficient to affect the 
migration of vacancies by reason of the elastic strains introduced and 
that this accounted for the deviation from second-order kinetics (for 
high concentrations). A discussion of vacancy-interstitial annihilation 
kinetics has also been given by Brown, Fletcher and Machlup (1953). 
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About one half of the original increase in resistivity disappeared on 
annealing below —60°c and a further quarter at around —30°c. The 
remaining quarter was not removed below 170°c and may have been due 
to the disordered regions associated with thermal and displacement 
spikes. Such disorder could probably only be removed by a treatment 
corresponding to recrystallization. 

Further experiments on copper of 99-9°%, purity have been reported 
by Eggleston (1953). Bombardments by 35 Mev alpha-particles were 
carried out below —150°c. Recovery experiments in the range —65° 
to 20°c revealed an apparently unique activation energy of 0:72+0-02 ey. 
This is in good agreement with Overhauser’s value of 0-68=-0-02 ev and 
with a value of 0-67-+-0-09 ev for cold-worked copper (Eggleston 1952). 
After annealing at room-temperature only about one quarter of the 
irradiation-induced resistance remained and further isothermal anneals 
between 250° and 300°c gave results which were interpreted as indicating 
an activation energy of about 2-lev in this range. This result is 
comparable with the 2-2 ev recovery found by Redman, Coltman and 
Blewitt (1953) in measuring the critical shear stress of pile-neutron 
irradiated Cu single crystals after anneals between 305° and 385°c. 
Some comparisons were made with the recovery of resistivity of a copper 
wire twisted in liquid helium: Up to —80°c the rate of recovery was 
about the same but between this temperature and 20°c the resistivity 
of an irradiated sample recovered much more rapidly. Above 100°c 
the position was reversed and at higher temperatures part of the 
radiation damage tended to persist (see also Siegel 1953). This is in 
contrast with an observation of Dugdale (private communication) that 
in platinum almost all the increase in resistivity caused by pile-neutron 
bombardment could be removed by heating at about 200°c. 


Table 1. Recovery of Resistance in Platinum 


Initial increase Decrease in Activation 
Specimen in resistivity extra energy 
(at 0°) resistance* (ev). 
(%) (%) 
Irradiated 0-2 iS 1-19 
Irradiated 0:2 17 1-19 
Cold-worked 1-5 13 1-20 


* Decrease during 640 hr. at 70°c followed by 336 hr. at 90°c. 


Dugdale (1952) has subjected platinum to neutron bombardment at 
50°C and determined activation energies for recovery at a mean 
temperature of 80°c. His results, summarized in table 1, have great 
interest as they indicate that the same defect is responsible for part of 
the increase in resistivity both in deformed and irradiated specimens, 
Mott (1952) has specifically identified these defects as vacancies. — 
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Rather curiously, no extensive measurements have been made on the 
effect of irradiation on the resistivity of alloys other than those showing 
order—disorder phenomena. 

Billington and Siegel (1950) have reported increases in resistivity in 
a solution-treated 2%, beryllium-—copper alloy when subjected to neutron 
bombardment. In contrast to observations on disordered Cu,Au 
(discussed below) the relative increases were fairly large (~15%) and 
persisted at room temperature. It is possible that they were due to 
trapping of defects by solute atoms; this view accords with the 
observation that smaller increases were obtained in aged alloys. In a 
two-phase alloy there would be fewer beryllium atoms in solution, and 
also there would be a large number of internal surfaces where defects 
could be annihilated. Later work on the same alloy reported by Siegel 
(1953) and Dienes (1953) indicates the effectiveness of neutron bombard- 
ment in assisting the formation of beryllium-rich nuclei. 


4.2.3. Ordered Alloys 

The earliest reported experiments are those of Siegel (1949) who 
exposed samples of ordered and of disordered Cu,Au to a fast neutron 
flux in a nuclear reactor. The temperature during bombardment was 
near 40°C and all resistance measurements were made at 25°c. The 
results obtained are shown in table 2 where the first column gives the 
integrated neutron flux for neutrons with an energy higher than 50 kev. 


Table 2. Neutron Bombardment of Cu,Au 


Resistivity before and after irradiation 


Neutron flux 


(neutrons/sq. cm) Initially ordered Initially disordered 

specimens specimens 
(82cm) (wS2cm) 

0 4-60 11-20 

0-4 101% 5-71 11-25 

0-6 x 1019 6-25 11-25 

10x10" 7-54 Lie 7 

1-510” 8-36 11-21 


11-30 


X-ray diffraction experiments confirmed that the initially ordered 
specimens had become disordered during irradiation. The small increases 
in resistivity in the originally disordered specimens could be accounted 
for by the formation, through neutron capture by gold, of #8Hg. Using 
the calculation of Seitz (1949), Siegel deduced that only a few per cent of 
the atoms in the originally ordered alloy could have been displaced from 
their positions by direct collision, and so the observed. disordering must 
be accounted for in terms of the very rapid quenching in regions of high 
temperature spikes produced in the tracks of recoil atoms. 
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A study of the effect of neutron bombardment at 200°c on the 
resistivity of disordered Cu,Au has been made by Blewitt and Coltman 
(1952). These workers did not specify the original disordering treatment 
used, nor the original resistivity, but assumed from data of Sykes and 
Evans (1936) that their specimen had a relaxation time of 10° hours 
at 200°c. Their results are shown in fig. 4. During the course of the 
experiment the pile was shut down on two occasions, and during these 
periods, the resistance continued to fall. The interpretation of these 
results is that irradiation produced lattice defects (vacancies and 
interstitials) which, at the temperature employed, allowed ordering to 
proceed. From the estimated time taken to reach equilibrium and from 
the number of displaced atoms, Blewitt and Coltman deduced that each 
displaced atom affected, on average, a region about 60A in diameter. 


Fig. 4 
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Ordering of Cu,Au at 200°c, under fast neutron flux of 1012n/cm2/sec 
(Blewitt and Coltman 1952). 


This was in agreement with an estimate of domain size and was taken to 
indicate appreciable mean free paths of the defects before annihilation. 
Later work by Halteman, Mecklin and Glick (1952) has shown that 
ordering can proceed at 200°C at rates comparable with those observed 
by Blewitt and Coltman simply during isothermal anneals and without 
irradiation. Two prior disordering treatments were given and in both 
of these it is likely that defects were quenched-in. Presumably it was 
these defects which fulfilled the role played by irradiation-induced defects 
in the Blewitt and Coltman experiments, but it is somewhat surprising 
that their efficacy was persistent for periods of up to 150 hours. . 
Coltman and Blewitt (1953) have recently given further evidence for 
the ordering at 150°C of neutron-irradiated specimens which “had a 
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degree of order corresponding to equilibrium at 370°c ’. One bombard- 
ment was carried out at —160°c and a small increase in resistivity was 
observed. Annealing at —80°c following irradiation produced no change 
in resistivity but a small decrease was caused by heating in the range 
0° to 150°c. No appreciable changes resulted from heating non-irradiated 
specimens at 150°c, 

Glick, Brooks, Witzig and Johnson (1952) and Glick and Witzig (1953) 
have studied the effect of neutron irradiation at 80° and 140°c on Cu,Au. 
Initially ordered samples first showed a fall in resistivity, presumably 
due to the creation of a few defects which allowed further ordering to 
proceed. At higher total neutron fluxes the resistivity increased above 
the original values, the increase being more pronounced in the case of 
the 80°C irradiation. X-ray examination of filings similarly exposed 
showed only small decreases in the long-range order parameter, but an 
increase in lattice spacing (Fillnow, Halteman and Mechlin 1953). 
These results are similar to some found by Adam and Dugdale (1951) 
for an ordered alloy ‘Cu, Au,’; resistance changes were measured 
and it was noted that x-ray diffraction superlattice lines remained 
sharp. Glick et al. further showed that an initially disordered specimen 
of Cu3Au irradiated at 80°c gave an initial fall in resistivity followed by 
a slight rise towards the original value, which was not exceeded. 
At 140°c only a decrease was observed. 

Similar experiments in this field have been reported by Martin e¢ al. 
(1951) who subjected specimens of Cu,Au and CuAu to bombardment 
with «-particles at —150°c. Large changes in resistivity were observed 
at the temperature of bombardment ; subsequent annealing experiments 
showed that recovery began at temperatures as low as —80°c. After an 
unspecified time at room temperature it was found that originally 
ordered specimens of Cu,;Au and of CuAu retained large changes in 
resistivity, temperature coefficient of resistivity and lattice parameter 
and these were such as to indicate that the alloys had been disordered 
by bombardment. Only small changes in these properties were retained 
by originally disordered specimens. 

Experiments by Dixon, reported by Siegel (1953), on the irradiation 
of ordered Cu,Au by «-particles at —180°c and +220°c showed that 
disordering occurred during the course of both irradiations, but that it 
was much slower at 220°c by reason of the fact that vacancies created by 
irradiation were able to diffuse and ‘ put right’ the disorder caused by 
thermal and displacement spikes. Evidence for the strictly local 
generation of disordered regions by irradiation has been obtained by 
Stello (see Siegel 1953, Dienes 1953) in the course of studies on the ~ 
annealing kinetics of CuAu and Cu,Au disordered by thermal treatment. 
by cold-work and by irradiation. > 

The effects of the primary defects, vacancies and interstitials, produced 
by proton bombardment of Cu,Au have been carefully studied by 
Brinkman, Dixon and Meechan (1953). Specimens of ordered and of 
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disordered Cu,Au were given equal irradiations with 9 Mev protons at a 
temperature below —100°c and then pulse annealing experiments were 
carried out at temperatures up to 130°c. The results are shown 
diagrammatically in fig. 5. It had been shown (§ 3.2.3) that annealing at 
around 130°c was to be attributed to vacancy migration causing ordering 
so that it was concluded that the recovery observed both in ordered and 
disordered Cu,Au at around —30°c was due to the movement of 
interstitials. Following Overhauser (§ 4.2.1) it was assumed that these 
interstitials were annihilated mainly by combination with vacancies but 
also by dislocations and mosaic or grain boundaries. After the —30°c 
recovery there would therefore be left some vacancies to promote order 
when they could move freely at 130°c. The small effect in disordered 
Cu,Au was attributed to the difficulty of creating order without the prior 
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_ existence of long-range order domains. Subsidiary calculations were 
made to show that interstitialey diffusion would be unlikely to cause 
ordering in CusAu. As the —30°c recovery was not fully investigated 
it is just possible that it may correspond to the annihilation of close 
vacancy-interstitial pairs found by Overhauser to occur in bombarded 
copper between —180°c and —60°c with activation energies between 
0-2 and 0-6 ev. Other aspects of the work of Brinkman et al. will be 
discussed in §§ 5.4.3 and 6.1. 

In contrast to the behaviour of Cu;Au when bombarded by massive 
particles, irradiation by 1 Mev electrons at low temperatures results in. 
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no significant change in the resistivity of an ordered alloy (Dixon, 
Meechan and Brinkman 1953). A treatment which should have resulted 
in an increase of 5% gave less than 1°% and it was concluded that the 
separation of the vacancy and interstitial produced by any one collision 
must have been so small that recombination was rapid even at —195°c. 
However some decrease in resistivity (further ordering) was observed on 
annealing at room temperature and it is likely that this was due to the 
movement of the few ‘stable’ vacancies produced during irradiation 
at the low temperature. Some irregularities in the annealing data were 
found and no suggestion was made to account for these. Adam, Green 
and Dugdale (1952) had previously shown that bombardment with 
1- and 3-mey electrons at about 40°c produced no measurable change in 
resistance in a well-ordered specimen of Cu,Au, but that on subsequent 
annealing at 100°c further ordering occurred. Heating at 100°c before 
bombardment produced no increase in order. 

Further studies by Dugdale and Green (private communication ; see 
also Broom 1953) have concentrated on determining activation energies 
for ordering using the method previously described by Dugdale (1952). 
Small specimens of Cu,Au were heated at 380°c to form large domains 
and then quenched in water. The activation energy for ordering within 
the domains was measured between 70° and 130°c and found to be 
0-88+0-14ev. One specimen was then bombarded at room temperature 
with 1 Mev electrons and the rate of ordering was observed to increase : 
the activation energy was remeasured in the range 0° to 100°c and found 
to be 0-:84+0-08 ev. Another specimen was lightly deformed after 
quenching: the activation energy in this case was 0-97--0-12 ev. The 
approximate correspondence between all these values can be regarded 
as indicating that the same mobile defects, presumably vacancies, were 
responsible for ordering in the several cases. Some studies of ordering 
kinetics in CuAu have been made by Stello and reported by Dienes (1953). 
These appear tc be more complex. 

Radiation damage in f brass has been observed by Eggleston and 
Bowman (1953). In their experiment, foils of 8 brass were bombarded 
with 33 Mev «-particles at temperatures lower than —100°c. Resistance 
changes were considerably higher than would have been observed in 
corresponding experiments on copper so that it is very probable that 
disordering was the cause of the large effect. In addition, pulse annealing 
experiments showed that as little as 5 min at 0°c was sufficient to 
eliminate all the bombardment-induced resistance. This is in accordance 
with the well-known rapid ordering of f brass. 

The effect of irradiation on order—disorder alloys is clearly dependent 
on the temperature of bombardment. At low temperatures where atomic 
mobility is low, frozen-in defects will be produced which in an initially 
ordered alloy can only have the effect of producing disorder. At high 
temperatures any alloy will be assisted towards order by marge 
produced defects which allow atom migration to occur. These are the 
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major factors in electron bombardment when the formation of thermal 
and displacement spikes is small, but when bombardment is by heavy 
particles and when recoil atoms have high energy, the creation of such 
regions is the major cause of disordering. 


$5. DmroRMATION EXPERIMENTS 


The simplest and most widely practised method for the introduction of 
defects into metallic lattices is that of deformation. There is therefore a 
much greater body of diverse experimental data to be surveyed in this 
section than in §$3 and 4. Some 150 publications on this topic have 
appeared since the pioneer work of Becquerel (1846) but much of the data 
is of little present value owing to the neglect of experimental precautions 
now recognized as essential. Where a choice between differing results 
has been necessary, preference has been given to results judged to refer 
to the purest metal or the simplest alloy. 


5.1. Theory 


In view of the many excellent reviews of the general properties and 
mechanism of production of lattice defects formed during slip (for 
example, Mott 1952, 1953, Seitz 1952 a, Cottrell 1953 a, b) it is only 
necessary to give here a brief summary of the principal relevant features. 


5.1.1. Vacancies and Interstitials 


These may be created, according to Seitz (1952 a) in several ways. 
First, by a purely geometrical means when screw dislocations moving in 
different planes intersect. It is difficult to estimate how many defects 
arise in this way during plastic deformation as there is great variety in the 
possible arrangements of dislocations within a plastically deformed metal. 
Second, intense local heating in the lattice, due to the shortening of a 
dislocation line in a high stress field or to the annihilation of pairs of 
dislocations of opposite sign, can cause dispersion of defects produced 
geometrically and also, independently of this, may cause the evaporation 
of defects from the dislocation. It is considered unlikely that the creation 
of stable vacancy-interstitial pairs could readily occur as the energy for 
their formation is probably high, ~10 ev (Huntington 1942), and they 
would be able to recombine very easily except at the lowest temperatures. 
A third mechanism of creation is during movement of a dislocation which 
has a jog. There will be a tendency for atoms to be added on to, or lost 
from, the extra half-plane at such sites and because greater energy is 
required to create interstitials than vacancies, a preponderance of vacancies 
will be formed by this process. It should be noted that these methods of 
generation do not necessarily lead to the effective dispersal of single 
vacancies or interstitials. For instance, geometrical considerations may 
require the formation of a planar group of vacancies when successive 
screw dislocations cut a stationary screw dislocation. 


> 
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5.1.2. Dislocations 

Current theories of work-hardening generally accept the view that slip 
takes place by means of dislocations generated at Frank—Read sources, and 
that hardening occurs due to an increase in the shear stress needed to 
continue the production of dislocations. For any one source, this may 
arise due to the * back pressure’ set up by its own dislocations piled-up 
against a barrier (Mott 1952, 1953) or it may be caused by fouling produced 
by lattice defects (Koehler 1952). During work hardening the density 
of dislocations may rise from about 108 to a maximum of 10! lines/em2, 
as shown by measurements of stored energy, x-ray reflections, strain- 
ageing and magnetic properties (Cottrell 1953 b). 

Annealing takes place when the temperature is such that dislocations 
can climb out of piled-up groups on the slip planes by addition of vacant 
sites on to the edges of the extra half-planes. This process will lead to 
softening and in many cases, to polygonization (Cahn 1950). Further 
softening occurs when the temperature and time are such that dislocations 
are able to migrate out of the crystal or, by combination of dislocations 
of opposite sign, annihilate each other. 

5.2. Deformation by Pure Extension 

The literature on the influence of both elastic and plastic extension on 
the resistivity of metals is extensive perhaps partly because such experi- 
ments offer opportunities for measurement of high accuracy in which 
elegant methods can be employed. An almost complete list of references 
has been given by Linde, von Heinje and von Sabsay (1950). Despite 
recent practical interest stemming from the development of resistance 
strain-gauges it is remarkable how little careful systematic work has been 
done. It is not intended to review resistivity changes due to elastic 
strain but it should be stated that they are generally small compared to 
plastic deformation effects. Generally it is found that resistivity increases 
or decreases linearly with elastic strain. Results obtained by various 
investigators show considerable scatter: this is usually attributed to the 
influence of impurities and preferred orientations in the metals used. 
Smit (1952) has given a valuable account of the effect of elastic deforma- 
tion on the resistivity of single crystals. 


5.2.1. Single Crystals 


The modes of deformation of single crystals have long been generally 
understood (Schmid and Boas 1935), but recently observations have 
accumulated which show that it is possible to extend some crystals of 


-face-centred cubic metals so that they behave like crystals of a hexagonal 
‘metal and give linear hardening (Cottrell 1953 a). In pure metals linear 


hardening is favoured by high purity and by low temperatures. It is 


also shown by some alloys, notably « brass. Linear hardening ends when 


slip on a second system begins. None of the resistivity-deformation data 
discussed below appears to refer to experiments in which linear hardening 
was observed. It will be obvious that there is a remarkable dearth of 
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information on resistivity changes during the extension of single crystals, 
It is hoped that such work will be carried out as it can provide useful 
information complementary to that yielded, for example, by X-ray and 
metallographic studies. 

5.2.1.1, Copper—Blewitt, Redman and Sherrill (1953 and private 
communication) have made some resistance measurements on copper single 
crystals extended at —195°c. Their results will be discussed more fully 
in §5.4.1. No recovery of resistivity was observed after shear strains less 
than 0-25, but no evidence was given to show that the resistivity had 
changed during the initial deformation. The results are consistent with 
the view that few lattice defects are created and retained in the lattice 
during an initial stage of linear hardening. Later work, (Blewitt, private 
communication) has confirmed that the increase in resistivity for small 


Fig. 6 
5 
55 
e: Pe 
= ; 
= 5:3 
3 
de 57 S 
Be) 
mM = 
“DR 
(ob) 56 
ata 
1000 
fot) 
Md 
<s 500 
3° eas 
4 ee 
Sy - S 
10 20 30 40 50 


Reduction in cross section, ee 
Change in resistivity and yield stress during extension of 72/28 brass single 
Ee eae oe began at approximately 25% extension (Masima 
shear strains is small. Several crystals extended at 4-2°K gave increases 
in resistivity of about 2x10-34Qcm for a shear strain of 0-25. In 
contrast to results on « brass (see below) the resistivity rose steadily during 
the period of linear hardening. 
5.2.1.2. Brass.—Some experiments of Masima and Sachs (1928 a b) 
showed that the resistivity of « brass (72/28) single crystals increased by 
only about 1%, as slip began and then remained constant during almost 
the whole period when slip was confined to one system, fig. 6. A marked 
increase was observed as a second slip system became operative ; this can 
readily be understood, if, for instance, resistivity is appreciably affected 
by vacancies or interstitials formed by crossing screw dislocations. 
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5.2.1.3. Cu;Au.—From experiments on two single crystals Blewitt and 
Koehler (1950) have deduced three stages during plastic extension and 
have related them to presumed changes in slip distance and slip band 
distribution although no direct observations of these features were 
reported. Up to a shear strain of 0-2 the increase in resistivity was only 
very slight or, in one case, negative! This according to the authors may 
have been due to a reduction in domain wall area. The resistivity then 
increased fairly rapidly but in the absence of sufficient data it is not 
possible to know whether this was due to changes in slip-band distribution 
or to the onset of double slip, as suggested by the experiments of Masima 
and Sachs, and to be interpreted in terms of defects created by cro_sing 
screw dislocations. 

Fig. 7 
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Effect of extension at room temperature on the resistivity of pure copper wires 
annealed in vacuum at the temperatures indicated. (Annealed resistivity 
presumably about 1-67 12cm: Weyerer 1953). 


5.2.2. Polycrystals 

5.2.2.1. Pure Metals —Although it is usually found that the resistivity 
of an annealed wire increases during plastic deformation there is no general 
formal relationship between increase in resistivity and extension. Weyerer 
(1953) has presented data for copper in which resistivity-extension curves 
(obtained at room temperature) are convex upwards (fig. 7). This is 
qualitatively similar to data obtained during heavy deformation (cf. 
fig. 11) and presumably is a result of the impossibility of attaining high 
concentrations of defects at room temperature owing to their ease of 


E2 


50 T. Broom on 


movement and consequent escape from the lattice. In contrast, some 
low-temperature experiments give resistivity-extension curves which are 
concave upwards (fig. 12) and appear to follow a three-halves power law 
(van Bueren 1953). Here it is likely that very few lattice defects 
disappear as a result of diffusion and van Bueren has in fact obtained good 
agreement with experiment by using a dislocation model for the creation 
of vacancies which are then retained in the lattice. 

He supposes that vacancies and interstitials are formed in the wake of 
jogs which originate when expanding dislocation rings from Frank—Read 
sources cut other randomly distributed dislocations. For one ring the 
number of jogs is proportional to its area, which is itself proportional to 
the strain. The number of vacancies and interstitials is then proportional 
to the number of jogs multiplied by the average distance each has travelled. 
Thus the density of vacancies, n,, (or interstitials) should depend on 
strain, «, as n,oc «2, On this model the dislocation resistance should 
increase approximately proportional to «1/2, so that the increase in resis- 
tivity should depend on strain in the following manner: 


A p=Ael2+ Be8/2, 


Results obtained by Manintveld show that copper, silver and gold wires 
extended between 2 and 11°%.at liquid air temperature give a relationship 
of the form Abpea. 


The proportionality constant is about unity and this is again remarkably 
consistent with an estimate obtained by van Bueren. It is therefore 
claimed that for small extensions at low temperatures the contribution of 
dislocations to resistivity changes is negligible. 

These results may be compared with the work of Pry and Hennig (1953) 
on fine-grained copper wires of 99-999°, purity. Wires were extended by 
regular increments at —195°c, being allowed to anneal at room temperature 
between increments. Measurements of resistivity were made at each stage 
and in agreement with previous work (§ 5.4.1) it was found that part of the 
increase in resistivity annealed out during each period at room 
temperature. It was then established that at any stage the increase of 
recoverable resistivity per unit strain depended linearly upon the existing 
unrecoverable resistivity. If the unrecoverable resistivity is due to 
dislocations it is clear that the recoverable resistivity per unit strain ean 
reasonably be attributed to defects formed in such a manner that their 
concentration depends only on the existing number of dislocations. This is 
consistent with the view that the recoverable resistivity is due to vacancies 
and/or interstitials generated by the crossing of screw dislocations. 
However this interpretation takes no account of the two sub-zero recovery 
stages commonly observed (§5.4.1). The three-halves power law dis- 
cussed by van Bueren was not obtained in these experiments and although 
the vacancy and/or interstitial contribution was relatively large in the 


early stages of deformation it was not possible to disregard the dislocation 
contribution. 
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A further feature of the work of Pry and Hennig was the demonstration 
that in temperature-cycling experiments resistivity was much more 
reliable than strain as a guide to yield strength after a change in testing 
temperature. It is perhaps not surprising that there should be a better 
correlation between stress and resistivity than between strain and either 
stress or resistivity simply because both stress and resistivity depend on 
defect concentration while strain is at least in part a measure of the number 
of defects that have escaped from the metal. 

It is, however, with reference to strain that most resistivity measure- 
ments have been carried out. Some typical increases in resistivity for 
extensions of 10°, at room temperature are given in table 3 (a). 


Table 3. Increase of Resistivity for Extension of 10° at Room 


Temperature 
Resistivity | Increase of 
p§2cm (20°c) | resistivity Reference 
% 
(a) Cubic metals 

Aluminium 2-65* 0-4 Weyerer 1953 
Copper 1-67* 0-55 Aarts and Jarvis 1953 
Gold 2-35* 0-75 Aarts and Jarvis 1953 
Tron 10-2* 0:3 Weyerer 1953 
Silver 1-59* 0:5 Aarts and Jarvis 1953 


(6) Alloys (compo- 
sition in at. %) 


70/30 Cu/Zn 6-4* 1-1 Weyerer 1953 
50/50 Ag/Au 10-9* 0-75 Aarts and Jarvis 1953 
70/30 Co/Ni 10-4 0°75 Broom and Barrett 1953 


* From table 4. 


An interesting feature of the results of Weyerer (1953) is that for Cu, Al 
and Fe there was a much higher rate of increase of resistivity for wires 
incompletely recrystallized than for those completely recrystallized (fig. 7 ). 
This gives support to the view that much of the increase in resistivity 
is due to the formation of vacancies by intersecting dislocations. If it 
were due mainly to the multiplication of dislocations we might expect a 
smaller effect in a wire already containing more than the number present 
in an annealed material. Weyerer also carried out experiments on copper 
wires of commercial purity annealed under somewhat crude conditions in 
sealed iron tubes. The results obtained were complex and unpredictable, 
some even showing a maximum in resistivity—extension curves. 

5.2.2.2. Alloys.—As with pure metals the increase in resistivity depends 
approximately linearly on plastic extension. A summary of published 
data is given in table 3 (0). 
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In contrast to the behaviour of imperfectly recrystallized pure metals 
(§ 5.2.2.1) Weyerer found no difference between the behaviour of 70/30 
brass wires annealed at various temperatures. This suggests that a 
vacancy mechanism to account for the increase in resistivity is less 
plausible in the case of «-brass than for pure metals. 

Tron—carbon alloys give resistivity-extension curves (Ueda 1930) which 
are very similar to their stress-strain curves in that they show ‘yield 
points’. According to Cottrell (1948) the yield phenomenon is due to 
locking of dislocations by carbon atoms from which the dislocations can 
suddenly break away on application of a sufficiently high stress. Bhatia 
(1949) has calculated that the resistivity is a minimum in a given alloy 
when carbon atoms are aligned along the dislocations in atmospheres, so 
that if this arrangement is disturbed the resulting resistivity-extension 
curve will not extrapolate to zero increase in resistivity. The return of 
carbon atoms to dislocations with resulting decrease in resistivity has been 
studied by Cottrell and Churchman and although discussion of their 
results is deferred until § 5.4.2 it may be noted that they obtained excellent 
agreement with the 0-2° sudden increase in resistivity found by Ueda 
(1930). 

5.2.2.3. Effect of Temperature of Deformation—Some results have 
been reported for Cu, Ag and Au wires extended at 20°, —78° and —183°c 
(Aarts and Jarvis 1953). Increases in resistivity were always greatest 
for the lower deformation temperatures and could be well understood 
in terms of the known ability of certain defects to anneal out of the 
lattice below room temperature (§ 5.4.1). Similar effects were found in 
the simple Ag—Au alloy system. 


5.3. Deformation by Wire-drawing and by Rolling 

It is possible to produce a greater deformation in a metal by wire- 
drawing or by rolling than by simple extension; this of course, leads 
to a greater concentration of lattice defects and a greater resistance 
change. The deformation is usually macroscopically much more 
inhomogeneous ; but resistance measurements in such circumstances 
are analogous to the x-ray examination of filed metals, in that although 
the precise form of deformation is obscure, the measurements are valuable 
in indicating the structure of metals in the heavily work-hardened state 
which is important in manufacturing processes and industrial applica- 
tions. Some experiments have been made in which deformation was 
carried out by twisting wires (for example, Calthrop 1926). Although 
torsion experiments are of attractive experimental simplicity, the 
deformation is extremely inhomogeneous and the paucity of data does 
not warrant general discussion in this review. 


5.3.1. Pure Metals 


It is generally found that the resistivity of a pure metal increases 
rapidly with deformation at first and that the rate of increase then drops 
off to give a fairly constant resistivity at high strains (e.g. fig. 11). 
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Therefore, although the only really satisfactory method of showing 
results is by means of graphs, it is useful to give, in table 4 (a), values 
of the maximum increase in resistivity which it is possible to induce 
in a metal by reasonably heavy deformation at room temperature. 
The remarkably high values of increase in resistivity, (relative or 
absolute), given by molybdenum and tungsten seem to be a result of 
the very high recrystallization temperatures of these metals so that 
when deformation is carried out at room temperature a very high 
concentration of frozen-in lattice defects can remain in the lattice 
(see §§ 5.2.2.4, 5.4). That the increases quoted are due to genuine lattice 
defects and not cracks is shown by the accuracy with which Matthiessen’s 
Rule was obeyed. 

In table 4 only data for cubic metals are given, owing to the complica- 
tion of anisotropy of resistivity in crystals of non-cubic metals. 

The form of a resistivity-deformation curve depends, of course, upon 
the quantity used to characterize the deformation, e.g. the percentage 
reduction in area or the logarithmic strain. Bearing in mind such 
differences in presentation of results, there do appear to be some 
considerable variations in the curves for a given metal as reported by 
different authors. In particular, although resistivity-deformation curves 
for copper are usually of the regular form shown in fig. 11, various 
workers (see e.g. Bardenheuer and Schmidt 1928, Weyerer 1953) have 
found a pronounced maximum in resistivity-deformation curves. Three 
factors which may account for the differences will be discussed below ; 
namely, purity of metal and the possibility of precipitation (§ 5.3.3), 
true temperature of deformation (§5.3.5) and finally, the possibility of 
the formation of internal fissures (§5.5). With exact data on the 
differences in these factors in the various experiments it should be 
possible to reconcile the various results. 


5.3.2. Single-phase Alloys 


Resistivity-deformation curves of single-phase alloys generally have 
forms similar to those of pure metals so that again it is valuable to give 
typical values of the increase in resistivity produced in various alloys 
by heavy deformation. None of the alloys listed in table 4 (6) is known to 
exhibit long-range order. In selecting data for table 4 (b) preference has 
been given to results for « phase alloys with high solute atom concentra- 
tions: for many systems results are available for intermediate 
compositions. For example, the increase in resistivity given by « phase 
copper-zine alloys depends on zinc concentration in the manner shown 
in fig. 8 (Crampton, Burghoff and Stacy 1941). Similar results were 
obtained for Cu/Al, Cu/Si and Cu/Sn alloys. 

In contrast, it is found that if iron or chromium is added to gold, the 
increase in resistivity after heavy deformation gradually diminishes with 
increasing solute concentration, until for alloys containing about 20% 
of transition metal there is a decrease in resistivity on cold-working 


(§ 5.4.2). 
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With the exception of Au-Fe and Au-Cr alloys it has always been 
found that alloying results in a larger absolute increase in resistivity (Mp) 
for a specified deformation than is given by the pure solvent metal. In 
some cases there is also a spectacular rise in the relative change in 
resistivity (4p/p). The caution necessary in attempting to impute 
significance to apparent differences in ‘increase in resistivity ’ has 
already been discussed in §2.3. However it has been suggested that 


large increases in resistivity (usually taken as relative increases) may be 
Fig. 8 
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the result of destruction of undetected long-range order (Crampton, 
Burghoff and Stacy 1941) or of short-range order which it is frequently 
assumed affects electrical resistivity in a manner similar to long-range 
order (Boas and Honeycombe 1948). Nevertheless, there has been 
found no trace of long-range order in, for example, copper-aluminium 
alloys where its detection should be simple, nor has there been advanced 
any direct evidence to support the hypothesis that short-range order 
has a large effect on resistivity (Nicholas 1953). This latter point will 
be discussed more fully in § 6.3. 
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Another explanation has directed attention to possible variations in 
the form of dislocations in alloys (Broom 1952 b). Heidenreich and 
Shockley (1948) have shown that a dislocation in a close-packed lattice 
will dissociate into two partial dislocations separated by a region of 
faulty stacking, whose size is dependent upon the energy of the wrongly- 
packed region relative to that of the normally packed lattice. Thus we 
should expect large stacking faults in face-centred cubic alloys where 
there is a tendency to transform to a hexagonal phase. For example, 
in the cobalt-nickel system, a hexagonal phase is stable at room tempera- 
ture from 0 to 30% Ni and a face-centred cubic phase from 30 to 
100% Ni, so that an alloy containing 30% nickel deformed at room 
temperature might give a large increase in resistivity if this is affected 
by stacking faults. This hypothesis has been tested (Broom 1952 b, 


Fig. 9 
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Broom and Barrett 1953) and found to be satisfactory. Some results 
obtained by wire-drawing are shown in fig. 9; the large increase at 
around 30% Ni was confirmed by resistivity-extension measurements 
and the presence of stacking faults shown by x-ray examination. It 
should be pointed out that these observations do not prove that stackin 
faults have a direct effect in scattering the conduction electrons The 
presence of large stacking faults during deformation may simply result 
in a more prolific generation of other lattice defects such as vacancies 
and interstitials which could be the main agents in increasing the 
resistivity, although at present no mechanism has been cao to 
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show how this can occur. Although discussion has been chiefly concerned 
with an alloy system where there are adjacent cubic and hexagonal close- 
packed phases, it is known that in copper—zine alloys, for instance, an 
increase in zine concentration favours formation of large stacking faults 
(Barrett and Barrett 1951, Warren and Warekois 1953). 

Evidence from recovery experiments (§§ 5.4.2, 5.4.3) indicates that in 
some alloys a high increase in resistivity caused by deformation may 
arise from the trapping of large numbers of vacancies or interstitials by 
solute atoms. 


5.3.3. T'wo-phase Alloys 

A very limited amount of work has been done on alloys consciously 
recognized as two-phase. In the simplest case, a change in resistivity 
can result from redistribution of the phases as studied experimentally 
and theoretically by Chang and Guenot (1950). They showed that 
deformation of a pearlitic steel results in alignment of the cementite 
lamellae in the direction of deformation with a resultant decrease in 
resistivity in the longitudinal direction. Some study has been made of 
resistance changes during deformation of an «+f brass (Honeycombe 
and Boas 1948). 

Some unusual results have been reported when deformation is 
presumably accompanied by precipitation in a supersaturated alloy. 
Crampton et al. (1941) found a 50°% increase in resistivity when a solution- 
treated copper 2°85%, cobalt alloy was deformed 84%, but the same alloy 
when aged before deformation gave an increase of only 5%. Again, 
deformation of some other age-hardenable alloys sometimes resulted 
in an initial or even a delayed decrease in resistivity. It is not possible 
to discuss these complex phenomena here but their bearing on the 
desirability of using pure materials in resistivity studies is obvious. The 
influence of small concentrations of iron on the resistivity change in 
copper has been used by Hetherington and Reekie (1951) to estimate 
the room-temperature solubility of iron in copper. 


5.3.4. Ordered Alloys 


It is apparently possible, by heavy deformation, completely to disorder 
most alloys which can have an ordered structure in the annealed state. 
The increases of resistivity are large because the resistivity of the 
originally ordered alloy rises with increasing deformation to a value 
generally slightly higher than that of the disordered alloy; see, for 
example, fig. 10. Some typical results are shown in table 4 (c). 

During deformation of ordered alloys, disorder may possibly be 
created in several ways. First the passage of an odd number of single 
normal dislocations across a slip plane in an ordered lattice will give rise 
to an antiphase boundary as each such dislocation is only a partial 


dislocation in the superlattice. Second, if vacancies are generated during 
deformation and then move away from the slip plane, a ‘ filament’ of 


disorder will result from the motion of each single vacancy in an originally 
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ordered lattice. However these processes will be difficult and it seems 
that the most likely cause of disordering is the multiplication of domain 
boundaries by the passage of dislocations across domains (Cottrell 1953 c). 


5.3.5. The Effect of Temperature of Deformation 

In §5.3.1 the large increases in resistivity given by molybdenum and 
tungsten on heavy deformation at room temperature (table 4 (a)) were 
attributed to the fact that these metals are then deformed at a very 
low temperature relative to their melting points. It has been found 
(Broom 1952 b) that, if copper and nickel are heavily deformed at low 
temperature, the increases in resistivity are much greater than are 
produced by room-temperature deformation, as shown in figs. 11 (a), (b). 


Fig. 10 
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Effect of cold work on the resistivity of ordered and disordered Ag,Mg 
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Further, the forms of resistivity-extension curves obtained at —183°0 
are similar to those for molybdenum and tungsten deformed at or slightly 
above room temperature. These experiments illustrate the commonsense 
consideration that the relationship of the temperature of deformation 
to the melting temperature is of importance in determining the response 
of a metal to deformation. Results similar to those for copper and nickel 
were given by iron, 75/25 brass, 50/50 silver-gold and disordered Ag,M 
The increase of resistivity due to the disordering of ordered Ag,M en 
almost independent of deformation temperature in the range 0° to ee 83°C 

Ellis and Greiner (1952) have measured some resistivities after low! 
temperature deformation but as their measurements were made at room 
temperature the separate effects of deformation temperature and 
subsequent recovery could not be distinguished. 
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stress-strain curves for various temperatures which are very similar to 
the resistivity-strain curves found for nickel (fig. 11 (a)) 


5.4. Recovery of Resistivity 
It appears to be a general observation that the resistivity of a deformed 
metal can change isothermally at temperatures which may be only slightly 
higher than the temperature at which deformation was carried out. 
Most frequently the resistivity decreases towards the value for the annealed 
material, and the term ‘recovery of resistivity’ is most appropriate. 
Fig. 11 
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However, although there are some instances where the resistivity increases 
on annealing in certain temperature ranges it is convenient to continue to 
use the term ‘recovery’ as this has come to have the general sense of 
change of a specified property on annealing. eee: 

The discovery (Druyvesteyn and Manintveld 1951) of low-temperature 
recovery after low-temperature deformation has stimulated considerable 
interest and greatly extended the temperature range in which recovery 
of resistivity can profitably be studied. In the following sections it will 
be convenient to discuss separately results obtained in three temperature 
ranges although it must be realized that the divisions are quite arbitrary 
(ef. § 5.3.5). A correlation of diverse recovery phenomena in pure metals 
will be attempted in § 6.1. 


Fae 


Increase in resistivity, dp/p, % (at — 183°C) 
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5.4.1. ‘ Low temperature ’ Recovery 

Many recent developments in metal physics can be traced back to the 
experiments of Molenaar and Aarts (1950) in which they measured the 
change in resistivity and yield stress of wires of copper, silver and 
aluminium during extension at liquid air temperature. Their results for 
copper are shown in fig. 12. At the point A, extension at —183°c was 
discontinued and the speicmen brought to room temperature. After 
10 min the specimen was re-cooled to —183°c and extension 
recommenced. It was found that the resistivity had fallen but that there 
had been no detectable change in yield stress. A similar result was found 
for silver, and more strikingly for aluminium where the decrease of the 
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resistivity due to deformation was much greater during the room tempera- 


ture anneal. ‘T'hese experiments thus confirm earlier work (e.g. Tammann 
1936) which indicated that some of the lattice defects responsible for the 
change in resistivity had a negligible effect on the yield stress. The 
recovery observed by Molenaar and Aarts has been investigated in detail 
by Druyvesteyn and Manintveld (1951) and by Manintveld (1952, 1953) 
The results shown in fig. 13 refer to resistance measurements at liquid air 
temperature following recovery times of 15 and 45 min at the tempera- 
tures indicated. It is clear that two discrete recovery Houck are 
involved and by making the usual reaction rate theory assumptions 
Manintveld found the values given in table 5 for the activation amie. On 
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which characterize the ‘ low temperature ’ recovery, and those, A Wore 
the * higher temperature ’ recovery. 

It was suggested that the mechanism of the second recovery step was 
due to the diffusion of single vacant sites and that the first was due to the 
diffusion of special aggregates of vacancies. Subsidiary calculations were 
made on the first of these assumptions and the specific suggestion that 
recovery takes place by the annihilation of vacancies at mosaic or grain 
boundaries. A diffusion formula was stated to agree with the results 
and an estimate of about one micron was given for an average mosaic 
block diameter in the copper and silver wires. 


Fig. 13 
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Recovery data for wires extended at —183°c. Upper and lower curves for each 
metal refer to annealing times of 15 and 45 min respectively. 4p/p 
measured at —183°c (Manintveld 1952). 


Table 5. Recovery after Low-temperature Deformation 


Q, (ev) Q» (eV) 
Gold 0-29 40-03 0:69 +0-06 
Silver 0-18 +0-02 0:69 0-07 
Copper 0-20 +0-03 0-88 +0-09 


Further work by Manintveld (1953) has been concerned with recovery 
after very heavy deformation at —183°c. Increases of resistivity of 
about 150% (at —183°c) were obtained by rolling copper wires in a special 
apparatus, and isothermal recovery experiments carried out. gO a 
quarter of the increase in resistivity annealed out below —70°c with a 
unique activation energy of 0:25=-0-02 ev; recovery of another quarter 
took place in the range —70°c to 0°c, with a unique activation energy 
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of 0-82+0-04 ev. Analysing the results as before, Manintveld found that 
the ‘ effective mosaic block diameter’ deduced from the rolling experi- 
ments was about one fiftieth of that deduced from the experiments in 
which wires were lightly deformed by stretching. 

A limited number of resistance measurements on copper single crystals 
have been made by Blewitt et al. (1953) during experiments chiefly 
concerned with the influence of temperature on stress-strain curves. 
Pairs of single crystals of 99-999%, purity were tested at —195° and 27°c. 
There were found no differences in critical shear stress or in rate of work 
hardening up to shear strains approaching 0-25. Resistance measurements 
were made on. crystals deformed at —195°c both before and after one-hour 
anneals at 27°c. No recovery of resistivity was found after strains up to 
0-25 but no evidence was given that the resistivity had been appreciably 
altered by the deformation (cf. § 5.2.1.1). Recovery was observed after 
strains greater than 0-25 and its magnitude increased with increasing 
prior strain. Sensitive stress-strain measurements following the 
annealing treatments showed that when recovery of resistivity occurred 
there was a slight increase in the stress for continued deformation and that 
characteristic yield point phenomena were obtained. Similar results 
have been obtained by Pry and Hennig (1953) using polycrystalline wires. 
Blewitt et al. conclude that appreciable deformation generates vacancies 
or other defects which raise the resistivity at —195°c but which can 
partially disappear on annealing at 27°c. Further, that some of these 
vacancies can ‘ anchor ’ dislocations in a manner similar to that of carbon 
in iron (§ 5.2.2.2) and produce yield point phenomena (as predicted by 
Seitz 1952a). By analogy with the work of Cottrell and Churchman 
(1949) on iron it is probable that part of the recovery of resistivity is 
associated with the strain-ageing process. : 

Preliminary results for recovery following deformation at very low 
temperatures have been given by Eggleston (1952). Annealed copper 
wires were twisted at 4:2°K to give an increase of resistivity of about 
O-Iu2cm. Isothermal recovery experiments at around —140°c did not 
give reproducible results unless a prior ‘normalizing’ treatment of 
heating for 2 min at a temperature slightly higher than —140°c was 
first carried out. In the range —140° to 70°c recovery occurred with 

a deduced mean activation energy of 0-44--0-06 ev. When this recovery 
_ process had been disposed of by heating for 2 min at a temperature 
slightly higher than —70°c, a second process was found to be operative 
just below room temperature. This had an apparent activation energy 
of 0:67-0:09 ev. 

The relationship between ‘ recoverable’ and ‘ unrecoverable ’ resis- 
tivity for copper wires annealed at 13°c following deformation at — 195°c 
has been studied by Pry and Hennig (1953). Their results are discussed 
in § 5.2.2.1, . 

Aarts and J arvis (1953) have recently carried out preliminary work on 
recovery of resistivity of alloys after low-temperature deformation, 


‘ae 
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Two alloy systems were investigated: the first, copper-silver, being 
not altogether a satisfactory choice as it is eutectiferous with very little 
mutual solid solubility at room temperature. It is therefore likely that 
deformation results in precipitation phenomena which can have a marked 
effect on resistivity (§ 5.3.3). However, the recovery phenomena observed 
in copper-silver alloys were very similar to those found in pure metals. 
In the other system used, silver-gold (continuous solid solutions between 
the solidus and room temperature) striking results were obtained with 
two alloys. Annealing at room temperature following deformation at 
liquid air temperature caused an increase in the resistivity as shown in 
figs. 14 (a), (b). The reason for this ‘ anomalous recovery ’ is not clear. 


Fig. 14 
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Aarts and Jarvis have suggested it may be associated with the production, 
at low temperatures, of some kind of order which affects the resistivity ; 
another suggestion made by Cottrell is discussed in $6.3. Further 
experimental work is necessary to show whether the phenomenon is at 
all general in alloys. 


5.4.2. ‘ Normal Temperature ’ Recovery 

In this present section it is intended to consider recovery measurements 
made at, or only slightly above the deformation temperature, where this 
was around room temperature. Recently Weyerer (1953) has shown that 
following extension of wires at room temperature, a temperature rise of 
only a few degrees can give marked recovery of resistivity. This was 
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particularly noticeable in pure copper as compared with copper of 
commercial purity and suggests that impurities are capable of * trapping ‘ 
the defects (vacancies or interstitials) responsible for recovery at room 
temperature. A similar observation has been made by Brinkman et al. 
(1953). The results of Dugdale for deformed platinum heated at 70° 
and 90°c have been noted in § 3.2.1. 

Room-temperature recovery of a rather spectacular magnitude has 
been reported by Linde (1950) for a gold—chromium alloy containing 
22 atomic per cent chromium. The resistivity of this alloy decreases on 
deformation, but on ageing a heavily deformed wire at 20°c for 650 hours 
the resistivity increased by 4%. It was suggested that the decrease in 
resistivity on deformation might be due to a change in the electron-shell 
configuration of the chromium atoms and that the original state was 
slowly restored on ageing. (As similar results were obtained following 
quenching it is possible that the phenomena are associated with an 
order—disorder transformation in which the ordered structure has the 
higher resistivity, cf. Ni,Cr, studied by Taylor and Hinton 1952.) Linde 
explained the decrease in resistivity on cold-working by reference to 
magnetic measurements on Au-Cr alloys which showed that cold-working 
caused a change in susceptibility in a sense corresponding to an increase 
of the average number of electrons in the d-shell of the chromium atoms. 
It was suggested that cold-work reduced the total capture of electrons 
by d-shells since certain atoms displaced from normal lattice positions 
obtained a more stable electronic configuration and their electrons no 
longer partook in the exchange between the shells and the electron gas. 
This effect may be sufficiently large to outweigh the increase in 
resistivity due to general lattice defects. Similar phenomena have been 
found in Au-Fe and certain ternary and quaternary alloys (Linde 1953). 

Room temperature recovery in deformed § brass observed by Honey- 
combe and Boas (1948) is presumably to be attributed to re-ordering but 
it was much slower than that found by Eggleston after irradiation (§ 4.2.3). 

The recovery of resistivity during the strain-ageing of iron studied by 
Cottrell and Churchman (1949) is of great interest, not only because it 
confirms Cottrell’s theory of the yield point, but because it provides an 
estimate of the dislocation density in deformed iron wires (cf. § 5.1.2). 
The calculations of Bhatia (1949) showed that the transfer of carbon atoms 
from a random distribution in the iron lattice to atmospheres concentrated 
around dislocations will result in a decrease in resistivity. The recovery 
of resistivity due to this cause could be accounted for by using the 
activation energy for the diffusion of carbon atoms, but as nitrogen atoms 
would have a similar effect and a similar activation energy for movement, 
the identification of the atoms responsible is uncertain. A summary of 
Cottrell and Churchman’s principal results is given in table 6. 

Further work has been carried out by Liicke (1953, private communica- 
tion) who has found by resistance measurements that dislocations. in 


a-iron are capable of drawing in carbon atoms to the extent of about 
forty per atom plane. 
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5.4.3. © High Temperature ’ Recovery 

It is generally agreed that dislocations contribute to the resistivity 
due to deformation ; in this section we shall therefore consider recovery 
effects which might reasonably be attributed to a reduction in dislocation 


Table 6. Recovery during Strain-ageing of Iron at 31°c 


Prior reduction | Total change Estimated transfer Estimated 
by drawing of resistance of carbon dislocation 
% % of density 
(lines/em?) 
8 0-18 0-0007—0-006 7X 108-6. 101! 
23 0-21 0-0008—0-007 8 x 1019-7 x 1011 
42 0-24 0-0009-0-008 9x 1010-8 x 1011 
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density. It is therefore of particular value to compare recovery of 
resistivity with recovery of other properties such as hardness and. tensile 
strength which depend on dislocation density. Some results for high 
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purity copper (better than 99-999%) given by Smart, Smith and Phillips 
(1941) are shown in fig. 15. From their data it is possible to estimate the 
activation energy for recovery of the properties measured. In all cases 
(following reductions of 50, 75 and 87:5%) this was around 1-1 ev. 
On account of uncertain experimental errors it is difficult to know 
whether there were any real differences in activation energy but it is 
notable that in the range studied the temperature of ‘ half-recovery ° 
was always greater for resistivity than for tensile strength. 

Bowen, Eggleston and Kropschot (1952) have also used copper 
(99-952°) in investigations of the response of the resistivity of hard-drawn 
wire (96-9°%% reduction) to pulse annealing at various temperatures. They 
claimed that their results indicate a unique activation energy of 1-23 ev 
for recovery in the range 100° to 250°c, but there was some indication 
that the energy was lower at the lower end of the temperature range. The 
suggestion of Mott (1952) that this recovery might have been due to the 
movement of interstitials is almost certainly incorrect in view of the similar 
and more extensive results of Smart et al. which show that dislocations 
must have been involved. Bowen eé al. did analyse their results in terms 
of chemical reaction theory and concluded that a fourth order reaction was 
indicated. The activation energy estimated from this analysis was taken 
into account in giving the value of 1-25 ey. It is difficult to find a model 
to fit a fourth order reaction for recovery of resistivity and, for instance, it 
is by no means clear that the movement of dislocations, by glide or climb, 
can be described in terms of reaction theory. 

A new analysis of the results of Bowen et al. has been made by Brinkman, 
Dixon and Meechan (1953). They assume, following Seitz (1952 a) 
that vacancies are able to impede the movement of dislocations so that 
removal of vacancies would result in some dislocation movements and 
changes in properties associated with dislocations. A specific model 
involving the disappearance of vacancies at grain boundaries and dislo- 
cations was then used and a good fit obtained with experimental data for 
the initial recovery period. The deduced activation energy assigned to 
vacancy migration was 1:19+ 0-01 ev. There is obvious similarity between 


this model and that used by Manintveld (§ 5.4.1) with the assumption — 


that vacancies move with an activation energy of about 0-8 ev. A detailed 
elaboration of both analyses would be desirable. The assignment of 
1:19 ev to vacancy migration depends on delicate considerations more 
appropriately discussed in § 6:1 but it should be noted that this inter- 
pretation does depend on Seitz’s suggestion and attempts to link vacancy 
recovery with recovery of mechanical properties. A connection might 
equally exist between interstitials and mechanical recovery. However, 
according to another view (Mott 1952, 1953) vacancies (or interstitials) can 
aid the movement of dislocations by attaching themselves to the extra 
half-planes and causing climb (or descent) from piled-up groups. Here 
there is a more intimate connection between defect diffusion and 
mechanical properties. One feature ignored by Brinkman ef al. is the 
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possibility of long-range interaction between vacancies and dislocations 
for which a strain-ageing calculation would be appropriate (cf. Henn 
1951). 

The changes of various properties during recovery have been extensively 
studied by Tammann and his associates (for a general summary, see 
Tammann 1936). It was generally found that in copper, silver and gold 
the course of recovery of resistivity was similar to that of various 
mechanical properties, but in nickel, iron, platinum and palladium 
recovery of resistivity commenced at a lower temperature than recovery of ; 
hardness, but not necessarily at a lower temperature than certain properties 
measured in a bend test. The generality of these findings is somewhat 
uncertain because of the influence which impurities are known to have on 
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Recovery of cold-worked nickel (Clarebrough, Hargreaves and West 1953). 


the properties of these metals as shown, for example, in experiments on 
platinum carried out by Middleton, Pfeil and Rhodes (1949). However, 
recent experiments of Clarebrough, Hargreaves and West (1953) have 
convincingly shown that recovery of resistivity in nickel takes place in two 
stages, the first of which being almost certainly the * vacancy recovery ‘ 
found by Manintveld to occur in copper, silver and gold at around room 
temperature (§ 5.4.1). Measurements of resistivity, hardness and stored 
energy were made on similarly worked specimens with the results shown 
in fig. 16. It is clear that a considerable part of the increase in resistivity 
caused by deformation is attributable to vacancies (or to interstitials) 
which diffuse rapidly at about 200°c. The second recovery stage in 
nickel is due to a decrease in density of dislocations as shown by the 
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simultaneous changes in resistivity, hardness and stored energy. In 
similar experiments on pure copper deformed at room temperature only 
dislocation phenomena were observed. 

Experiments by Tammann on recovery of resistivity in alloys showed 
that the single-stage recovery curves (isochronal anneals) typical of copper, 
silver and gold were frequently modified by increasing solute additions 
until eventually two apparently separate recovery processes occurred 
(fig. 17). This was found in alloys of copper with gold, manganese, tin 
and zinc ; alloys of silver with gold and zinc, but not in copper—nickel 
(up to 5% Ni). Hardness measurements were only made for an alloy of 
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copper with 28%, Zn and for au alloy of silver with 23° Zn, but in both 
cases the hardness increased very slightly during the first drop in resistivity 
and finally fell at about the same temperature as the second drop in 
resistivity. Similar results have been reported for the resistivity and 
tensile strength of deformed 70/30 brass by Maddigan and Blank (1940) 
and for resistivity alone by Epifanov (1946). 

It seems clear that the second (high temperature) process of recovery 
of resistivity and the change in mechanical properties are simply the 
result of a reduction in dislocation density, i.e. of recrystallization. The 
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mechanism of the first process is uncertain but there has been much‘ 
speculation regarding the hardening frequently observed during the 
heating of deformed « brass below the recrystallization temperature. 
Masumotu, Saito and Sugihara (1952) have shown the existence of a 
specific heat anomaly at around 230°C in annealed « brass alioys of 
various zine contents, and consider that their results support the 
hypothesis that the effects are due to the existence of short-range order 
below about 230°c. Other evidence for this has been put forward by 
Wilson (1939, pressure coefficient measurements) and by Guttman 
(1948, activity coefficient data). Thus an obvious interpretation of the 
recovery in resistivity at about 100°c shown in fig. 17 is that it is due to 
the re-establishment of local order disrupted by the prior deformation. 
There is however no direct evidence that local order has any large effect 
on resistivity (§6.3) and in particular there is no anomaly in resistance- 
temperature curves of annealed alloys at 230°c to correspond to the 
specific heat anomaly. Accordingly it is tentatively suggested that the 
recovery effects are due to the movement of vacancies or interstitials 
which can be present in high concentrations in some deformed alloys due 
to ‘ trapping’ by solute atoms (cf. the results of Clarebrough et al. for 
nickel, fig. 16). The 230°c temperature anomaly found by Masumotu 
et al. may be due to the dissociation of defect aggregates formed during 
the previous cooling, or to the generation of an equilibrium concentration 
(cf. §§ 3.1.1, 3.2.2). The increase in hardness could be due to strain-ageing 
caused by zinc atoms (Ardley and Cottrell 1953) or by vacancies. 

It is finally necessary to refer to the numerous results which show that 
very high annealing temperatures sometimes result in an increase in 
resistivity (measured at room temperature) above a minimum value 
obtained by annealing at intermediate temperatures (see, e.g. Credner 
1913, Takahasi 1930, Weyerer 1953). This has generally been thought 
to be due to the use of materials containing impurities which go into 
solution at high temperatures or to the solution of contaminants from the 
annealing environment. The extreme care necessary to produce a 
minimum resistivity in annealed copper has been emphasized by 
MacDonald and Pearson (1952); in very accurate work note must be 
taken of the quenching-in effects discussed in § 3.2, and also of a probable 
but very small effect of grain-size. However there is no convincing 
evidence that the resistivity of an annealed and pure metal is appreciably 
dependent on annealing temperature. 


5.5. Matthiessen’s Rule 
This rule can be stated in several forms but perhaps the most useful 
is “the scattering of conduction electrons due to lattice vibrations is 
independent of that due to lattice defects when these Piggies fad in 
small concentration ”’ (cf. Matthiessen 1862, Mott and Jones 1936). If this 
is so, we can express the observed resistivity, p, in the form 


p=pr(Z')+ Po 
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where py is the resistivity due to lattice vibrations and is a function of 
temperature only, and po, the residual resistivity, is due to lattice defects 
and is temperature-independent. Therefore dp/d7 is a function of 
temperature only and is independent of the concentration of lattice 
defects, whether the defects are produced by quenching, by irradiation 
or by deformation. This expression of the rule immediately leads to 
another, namely, that the product of resistivity and temperature 
coefficient of resistivity is a function of temperature only. Thus. if we 
assume the validity of Matthiessen’s Rule for a cold worked metal, 
determination of the change in temperature coefficient of resistance is 
equivalent to determining the change in resistivity and is not subject 
to errors arising from faulty measurement of specimen dimensions. 
Conversely, tests of the validity of Matthiessen’s Rule must involve 
explicit determination of resistivity and be subject to the errors involved 
in such measurements. In particular, incorrect values of mean specimen 
cross-section due to the production by the deformation process of 
undetected internal flaws will lead to deviation from Matthiessen’s Rule 
in the sense that dp/dT' is higher for deformed than annealed material. 
This we shall call a positive deviation. Positive deviations due to flaws 
or to structural inhomogeneity can probably be detected by annealing 
at such low temperatures that the flaws remain, and redetermining the 
value of dp/dT for the annealed material. Results of experiments which 
show positive deviations from Matthiessen’s Rule and have not been 
checked in this way are always suspect. Such deviations have in fact 
been reported by Berghout (1952) for silver between —190° and 20°c 
and by Rutter and Reekie (1950) for pure copper and aluminium between 
— 250° and 20°c, but the deviations were small (change of dp/dT by about 
1% for a deformation of about 80°) and close to the probable experi- 
mental error. Bowen, Eggleston and Kropschot (1952) in their study 
of the annealing kinetics of drawn copper wires measured resistivities 
in the range 4-2° to 30°K and found Matthiessen’s Rule accurately obeyed 
in the range 4-2° to 20°K. Above 20°x, deviations occurred in a positive 
sense. Similar results for irradiated copper have been found by Eggleston 
(private communication). Other workers have found no systematic 
deviations: the validity of Matthiessen’s Rule (to within about 1%) 
has been shown by Geiss and van Liempt (1927) for deformed tungsten, 
molybdenum, nickel and platinum; by Masima and Sachs (1928 b) for 
deformed « brass single crystals ; and by Liicke (1951) for hard-drawn 
commercial copper. 

More accurate work with a statistical estimate of errors has been 
carried out by Boas and Nicholas (1953). They found that the rule is 
true to within 0-5% for nickel, copper (of two purities), iron and 
80/20 brass, but not for 75/25 brass nor for an aluminium bronze. For 
wires of these alloys given a deformation corresponding to a logarithmic 
strain of 2-3 the deviations were such that dp/d7' was less than the value 
for annealed wires by about 1° in the case of 7 5/25 brass and by about 2% 
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for the aluminium bronze. Later and yet more accurate work by 
Clothier and Ogilvie (1953) has established that heavily cold-worked 
copper also gives negative deviations from Matthiessen’s Rule amounting 
to about 0-3°% decrease in dp/dT for logarithmic strains of about 3. 

Boas and Nicholas have given an interpretation of these deviations 
in terms of a change caused by deformation in the characteristic tempera- 
ture. ©, of a metal. They assume that the number of conduction 
electrons is not altered by deformation, and show that the fractional 
decrease in dp/dT can be expressed as 250/@. This change in @ corres- 
ponds to an increase in the mean frequency of lattice vibrations and 
the interpretation would be confirmed if a detailed calculation showed 
that mhomogeneous distortions in a strained lattice do have this effect 
on lattice vibrations. Such a calculation has been attempted by 
Smoluchowski (1953). 

A second explanation of deviations has been given by Klemens (1953). 
Rather than ascribing different thermal vibrations to atoms in distorted 
crystals, he proposes that the deviations are caused by a non-linear 
additivity of scattering probabilities of the conduction electrons. It is 
further assumed that atoms in the immediate neighbourhood of lattice 
imperfections are so far displaced from their mean positions that their 
thermal displacement contributions to resistivity become small. It is 
then possible to show that these assumptions can lead to results which 
are not inconsistent with both dislocation and stacking fault explanations 
of the resistivity due to deformation. 

Theoretical work on the general validity of the Rule has been carried 
out by Sondheimer (1950). 


5.6. Anisotropy of Resistivity 

An early hypothesis put forward to account for the change in resistivity 
due to deformation suggested that the resistivity of annealed cubic 
crystals was anisotropic and that during the working of a polycrystalline 
aggregate the development of a preferred orientation led to a change in 
resistivity (Tammann 1914). This was finally rejected both on theoretical 
and on experimental grounds (Masima and Sachs 1928 a, Greenwood 
1931, Fraser 1931) but although the resistivity of an annealed cubic 
metal is now known to be isotropic there is clear evidence that the 
resistivity of a cold-worked metal is sometimes not. 

Anisotropy of resistivity may most simply be demonstrated in heavily 
cold-rolled strip although the effect is small. Statistical methods have 
been used (Broom 1951, 1952 a), to determine whether, in a given material, 
the resistivity in the longitudinal direction differed significantly from the 
resistivity in the transverse direction. Some typical results for rolled 
strip are given in table 7 together with results obtained using an elaborate 
technique for measuring anisotropy in cold-drawn wires (Broom and 
Clothier 1952). It will be seen that the longitudinal resistivity may be 
greater than, equal to, or smaller than the transverse resistivity. 
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There does not appear to be any way of accounting in detail for these 
differences, but according to all recent theories of the resistance due to 
dislocations (§ 2.1.3) any non-random array of dislocations will give rise 
to anisotropy of resistivity owing to anisotropy of scattering by the 
individual dislocations. Although theoretical work indicates the magni- 
tude of scattering anisotropy, agreement with experiment can only be 
obtained by making arbitrary though plausible assumptions about the 
arrangement of dislocations. 


Table 7. Anisotropy of Resistivity in Cold-worked Metals 


Resistivity Fractional increase at 20°C 
Metal at 20°C Logarithmic ae 
(alloy compositions (wS2cm) strain 

in wt. %) (annealed) Longitudinal | Transverse 
Copper 1-68 2-9 (strip) 3-20 +0-14 3:27 +0-14 
Nickel 9-94 2-9 (strip) 3:-44+0-11 3°39 +0-11 
75/25 Copper-—nickel 30-56 2-2 (strip) 3°34+0-16 4-03 +0-16 
70/30 Brass 6-17 2-9 (strip) 22:97 40-19 | 21-:16+0-19 

Copper 1-69 2-7 (wire) 2-3. +0-2 2-9 +0-2 

80/20 Brass 5-47 1-96 (wire) 18-4 +0-1 14-9 +0-3 

94/6 Aluminium bronze 11:33 1-96 (wire) 27-4 +0-1 24:2 +03 


These difficulties can in part be overcome by measurements on thin 
strip lightly deformed in pure tension. It is possible to make assumptions 
about the arrangement of dislocations produced by cold-work and so 


make comparison with theory. This has been attempted by Berghout — 


(1953) but experimental uncertainties were such that only general 
confirmation of theory was obtained. 

While it is unlikely, owing to the complexity of deformation processes, 
that a quantitative treatment of anisotropy will be possible except for 
very special cases, it should be realized that anisotropy measurements 
provide evidence for the role of dislocations and stacking faults as 
compared with randomly dispersed vacancies or interstitials which 
scatter isotropically and would give no anisotropy of resistivity. 


5.7. Miscellaneous Observations 


The work reviewed so far in § 5 has been concerned with straightforward 
investigations of the effect of deformation and annealing upon the 
resistivity of metals. There are, however, some unusual experiments 
which merit attention because of their possible significance in relation 
to what has already been discussed. 


5.7.1. Anomalous Skin Resistance 


The high-frequency surface resistance of a metal is dependent, amongst 
other things, upon the d.c. resistivity of surface layers and upon surface 
roughness. At very low temperatures when the mean free path of the 
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conduction electrons becomes large compared to the thickness of the 
effective conducting layer, it is possible to compare experimental results 
with the theory of Reuter and Sondheimer (1949) and deduce values of 
the mean number of free electrons per atom. Chambers and Pippard 
(1953) have shown that unacceptable values are obtained if precautions 
are not taken to ensure that the d.c. resistivity of surface layers is the 
same as that of the interior of wires, which is measured and used in 
calculations. A series of experiments showed that light mechanical 
polishing of an annealed and electropolished copper wire resulted in the 
formation, at the surface, of a layer about 1 deep which had a d.c. 
resistivity about 5°, higher (at 20°c) than that of the bulk material. 
This indicated the production and retention of a greater concentration 
of lattice defects than generally obtained by deforming bulk specimens 
($ 5.3.1), and presumably demonstrates the complexity of the deformation 
caused by polishing. However, in accurate studies of annealing kinetics 
it is important to appreciate that the resistivity of worked wires may not 
be homogeneous, and that the recovery of surface layers may be parti- 
cularly rapid. Such an effect has been pointed out by Bowen, Eggleston 
and Kropschot (1952). 

5.7.2. The Hall Effect 


Wiener and Groetzinger (1952) have pointed out that determinations 
of the change of resistivity with deformation can be interpreted according 
to the free electron theory of metals, simply as providing information 
about changes in the product of the number of free electrons per unit 
volume with their mean free path. Because it is commonly assumed 
that changes in resistivity are due only to a reduction in mean free path, 
it is desirable to obtain an estimate of possible changes in free electron 
density. This can be done by determining the effect of deformation on 
the Hall constant since according to the free electron theory this constant 
is dependent only upon the number of free electrons per unit volume. 
Measurements on copper strip reduced 75°, in cross section by cold rolling 
showed tht the Hall constant was decreased by about 1°% by subsequent 
annealing, while the resistivity decreased by about 2-2%. The experi- 
ments were not of very high accuracy owing to the smallness of the 
effect and because their interpretation in terms of the idealized free 
electron theory is dubious, too much weight should not be given to the 
apparent indication of a change of free electron density due to cold-work. 
Further experimental work might profitably be carried out when a less 
naive theoretical treatment has been developed, using a material which 
gives a larger change in resistivity (such as « brass) and which may well 
give a larger change in Hall constant. 


§6. GENERAL DiscussION 
6.1. Activation Energies for Recovery 


A summary of determinations of activation energies for recovery of 
resistivity is given in fig. 18. The interpretation of those found for 


copper will now be examined in some detail. It has been generally 
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assumed that the well-defined process with activation energy 0-7 ev 
occurring at around —30°c is due to the movement of vacancies, mainly 
because of reasonable agreement with the well-established theoretical 
estimate of c. 1 ev for vacancy migration (§ 2.2.1). Overhauser (1953) was 
able to show that his data could be analysed in terms of a modified second- 
order reaction involving the annihilation of static interstitials by mobile 
vacancies. There is in fact some evidence from measurements of the 
shear modulus of copper wire deformed at —195°c that some inter- 
stitials can disappear during an annealing period of 15 min at ~—75°c 
(Crittenden and Dieckamp 1953). It is important to establish whether 
recovery occurs by the movement of vacancies to interstitials or vice- 
versa. Brinkman, Dixon and Meechan (1953) in an extended discussion 
of the problem assign 0-7 ev to the migration of interstitials. They point 
out that equal numbers of vacancies and interstitials are produced in 
bombardment experiments, so that if 0-7 ev recovery is predominantly 
due to annihilation of pairs, there will be very few of the immobile defects 
left to migrate and disappear at higher temperatures. No well-defined 
recovery process in bombarded copper has been observed between 
0° and 200°c (Overhauser 1953, Eggleston 1953). On the other hand, 
deformation is thought to produce more vacancies than interstitials 
(§ 5.1.1) so that any well-defined recovery process above 0°c should be 
due to vacancies if they were immobile during the 0-7 ev recovery at 
~—230°c. In deformed copper the situation is confused by the presence 
of dislocations, but Brinkman ef al. do claim to have disentangled an 
activation energy of 1-19 ev from the early stages of the 100° to 250°c 
recovery of Bowen et al. (§5.4.3). This they assign to vacancy migra- 
tion. It seems simpler to regard the recovery observed above 100°c 
as due to dislocations only and to conclude that the 0-7 ev process is due 
to the movement of vacancies. After deformation, a fraction of the 
vacancy concentration would serve to annihilate all interstitials and the 
rest could disappear by some of the mechanisms discussed below. How- 
ever, Brinkman e¢ al. find some support for their assignment from their 
interpretation of experiments on Cu,Au (criticized in § 4.2.3) and from 
Nowick’s data on quenched silver—zine alloys (§3.2.2). Although there 
is little conclusive evidence there seems no compelling reason for ceasing 
to associate 0-7 ev recovery with the movement of vacancies. 

With regard to the value of the activation energy there is a discrepancy 
between the 0-82 ev of Manintveld and other values clustered around 
0:7 ev. Overhauser has shown that diffusion of vacancies may be modi- 
fied by the presence of strains caused by a comparable concentration of 
interstitials (in irradiation experiments) and it is possible that Manint- 
veld’s results refer to defect movement in a less-strained lattice. 
Alternatively the difference may simply be due to experimental error or 

ifferences in purity of the copper used. 
ie ins birend dtieniitial annihilation kinetics which fit the 
0:7 ev recovery refer to defects which start to move when out of range 
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of each other’s influence. Close vacancy—interstitial pairs such as are 
likely to be produced in irradiation experiments will move together more 
or less readily depending on their initial separation. This conception 
readily explains the range of activation energies found during recovery 
between —185° and —60°c after irradiation. In contrast, the recovery 
between —160° and —60°c reported by Manintveld after deformation at 
—183°c has a unique activation energy of 0-25 ev. The only process so 
far treated theoretically which might account for this is vacancy pair 
migration (§ 2.2.1). We know little about the likelihood of the production 
of grouped defects by low-temperature deformation (§5.1.1) and it is 
possible that the 0-25 ev recovery corresponds to a rearrangement of a 
complex defect. The 0:44 ev recovery reported by Eggleston (1952) 
may have been due to simultaneous 0-25 and 0-7 ev recovery. 

Reduction in dislocation density is almost certainly associated with the 
recovery data obtained between 80° and 250°c after room-temperature 
deformation (§ 5.4.3). Therefore the exact activation energies have little 
significance, except in so far as it may be possible to extract an activation 
energy for movement of deformation-produced vacancies or interstitials 
if either are associated with dislocation movements (Brinkman et al.1953). 
After irradiation, Eggleston (1953) has found an apparently unique 
recovery process in the range 250° to 300°c and points out that the 
observed activation energy, 2-12 ev, is very close to that for self-diffusion 
in copper. Many recovery processes which would involve the creation 
and diffusion of vacancies can be imagined, examples being the dis- 
appearance of voids or sessile dislocations previously formed in thermal 
spike regions or by aggregation of vacancies. 

The recovery data for Au, Ag, Ni, Ta and Pt can be related to the pre- 
viously discussed results for Cu, bearing in mind that a given process will 
have a higher activation energy in metals of higher melting point (i.e. Ni, 
Ta and Pt). The only unusual result is that of 0-4 ev for recovery in Au 
after quenching. This is a preliminary result and its doubtful significance 
has already been discussed in § 3.2.1. 

It will be appreciated that considerable weight attaches to the observa- 
tion of unique activation energies and when recovery experiments are 
carried out, every effort should be made to establish that experimental 
arrangements are not modifying results and that reaction rate theory 
is applicable. For example, when studying the precipitation of carbon 
and nitrogen in « iron, Wert (1949) found that consistent activation 
energies were not obtained unless a pre-precipitation treatment was given 
to create nuclei to which subsequent diffusion could occur. Similarly, in 
resistivity studies on copper deformed by torsion at 4°K, Eggleston (1952) 
found that he could not get reproducible recovery unless some form of 
‘ stabilizing ’ treatment was given. 

Although measurements of resistivity have yielded much useful 


information it should be emphasized that ambiguities in interpretation’ 


will more readily be resolved when other techniques of investigation are 
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simultaneously employed. Of these the most important are likely to 
be the measurement of stored energy and elastic constants. For example 
Dienes (1953) has shown that interstitials increase the elastic moduli 
considerably while vacancies cause a less considerable decrease for an 
equivalent given concentration. Tammann (1936) found that the elastic 
modulus of nickel decreases considerably during the first recovery step 
(cf. fig. 16) so that this almost certainly involves removal of interstitials 
as well as the vacancies considered by Clarebrough et al. (1953) to have 
been the major source of the corresponding stored-energy change. 


6.2. Recovery Mechanisms 


Recovery due to annihilation of close vacancy-interstitial pairs is too 
simple and that due to reductions in dislocation density is too complex 
to warrant further discussion from the viewpoint of possible mechanisms. 
Four separate possibilities have been suggested to account for recovery 
due to the diffusion of single vacancies. First, vacancies can disappear 
on eombination with interstitial ions: Nabarro (1948) has shown that 
such annihilations will be responsible for most of the removal of vacancies 
when the initial concentration of both vacancies and interstitial ions is 
high. e.g. under intense neutron bombardment (cf. Brown, Fletcher and 
Machlup 1953). Although Overhauser (1953) has discussed such a 
process in explaining his results, detailed kinetics do not appear to have 
been worked out. When the concentration is low, a second mechanism 
becomes more prominent, namely disappearance of vacancies at mosaic 
or grain boundaries (Nabarro 1948). Such a mechanism has _ been 
invoked by Manintveld (1952) to account for recovery after low-tempera- 
ture deformation and good agreement was obtained between experiment 
and detailed kinetics involving diffusion data. Reasonable orders of 
magnitude for mosaic size were obtained, 1 for copper wire slightly 
extended and 0-02, for wire heavily cold-rolled. A third possible 
process, so far not treated analytically, is the interaction between vacancies 
and dislocations. It is clear that vacancies will be attracted to the edge 
of the extra half-plane of an edge dislocation, but it is unlikely that any 
single vacancy can ‘add on’ (i.e. be absorbed) and cause climb of the 
dislocation out of its original slip plane (Nabarro 1948). There are 
however the possibilities that a line of vacancies can accumulate and 
cause climb and that addition of single vacancies can occur at special 
sites such as jogs; the dissociation of dislocations in face-centred cubic 
metals obviously makes these possibilities less plausible. Some attach- 
ment of vacancies to dislocations reminiscent of strain-ageing in iron can 
apparently occur as shown by the experiments of Blewitt, Redman and 
Sherrill (1953) on copper single crystals. Yield-point phenomena. 
developed at the same time as recovery in resistivity took place (§ 5.4.1). 
Fourth, and last, there is the possibility of combination of vacancies to 
form pairs or larger groups. An initial obstacle to the latter suggestion 
is that vacancy pairs are relatively so very mobile that the attachment 
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of further vacancies would seem very unlikely before annihilation of the 
pair occurred at a boundary. However, once some groups had been 
nucleated such a process becomes plausible. Blin and Guinier (1951) 
claim to have shown, by x-ray diffraction, the presence of 6A diameter 
cavités in cold-worked copper, but it is possible that such voids are a 
direct result of the working process. Although Seitz (1952 a) has suggested 
many mechanisms for the production of vacancies by moving dislocations 
it is not clear that effective dispersal will occur when geometrical consider- 
ations call for contiguous creation of large numbers of vacancies (Mott 
1953, private communication). Thus relatively large holes may be 
created and constitute either the cavités of Blin and Guinier or the nuclei 
for subsequent precipitation of single vacancies during recovery. An 
important special case of agglomeration of holes is the formation of a 
disc-shaped aggregate which when sufficiently large can collapse to give 
a stacking fault surrounded by a sessile dislocation. This process may 
be responsible for some of the persistent resistivity increases which in 
various experiments have been difficult to anneal out and about which 
comparatively little is known. 

It now remains to consider a process by which vacancies can be 
prevented from moving and taking part in any of the recovery mechanisms 
mentioned. According to the results of Weyerer (1953) the purity of 
cold-worked copper has a marked effect on recovery of resistivity at 
around room temperature, and it was earlier suggested (§ 5.4.3) that this 
might be due to the trapping of vacancies by solute atoms. If this can 
occur in relatively pure metals it might account for some variations 
observed in resistivity studies. There is certainly an effect in less dilute 
alloys if the development of a second recovery stage with increasing 
solute concentration (fig. 17) is due to vacancies. 

This discussion of recovery mechanisms has been primarily concerned 
with processes depending on the diffusion of vacancies. Interstitials 
have not generally been considered in this way but it will be clear that 
they can undergo the same types of interactions as those described for 
vacancies, i.e. with mosaic boundaries, with dislocations, with each other 
and with solute atoms. 


6.3. The Resistivity of Non-Random Alloys 


The major problems concerning effects of various lattice defects on 
the resistivity of pure metals have been reviewed in §§ 6.1 and 6.2. In 
alloys a new type of problem arises because the introduction of lattice 
defects may upset some form of atomic segregation previously present 
or may cause segregation where none previously existed. Familiar 
examples are the disruption of long-range order by cold-work and the 
strain-ageing of iron. The accompanying resistivity changes are reason- 
ably well understood and do not merit discussion here. Some resistance 
changes caused by the introduction of defects into certain alloys have 
not been readily explicable in terms of effects found in pure metals or in 
alloys known to possess long-range order. 
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First, it has already been noted in §5.3.2 that with two exceptions, 
single phase alloys give higher increases in resistivity, 4p, for a given 
deformation than the appropriate pure solvent metal. Many alloys give 
high relative increases, Ap/p. This behaviour has frequently been 
ascribed to the destruction of short-range order which it is assumed is 
present in the annealed alloys and is responsible for a lower original 
resistivity than would be given by a random alloy. Although there is 
some evidence that short-range order may be present in some alloys 
which give large increases in resistivity (cf. § 5.4.3) it has also been found 
that a small relative increase in resistivity is given by a 50/50 silver—gold 
alloy which possesses short-range order. However, such arguments are 
unconvincing because direct observation of the effective destruction of 
short-range order has not been made. Many x-ray investigations have 
demonstrated varying short-range order in Cuz;Au above the critical 
temperature for long-range order (e.g. Cowley 1950) but other experiments 
have revealed no anomalous resistivity changes with temperature above 
the critical temperature (Sykes and Evans 1936). If short-range order 
can be effectively quenched-in, then the data of Clarebrough and Nicholas 
(1950) on Ag,Mg and of Brinkman ef al. (1953) on Cu,Au disclose no 
effect of short-range order on the resistivity of alloys quenched from 
various temperatures above the critical temperature. Again, if as an 
approximation, short-range order is regarded as long-range order with 
very small domain size there is both theoretical and experimental evidence 
(Jones and Sykes 1938) that the resistivity of Cu,;Au with small domains 
is very close to that of a random alloy. Recent theoretical work by 
Murakami (1953) has predicted a considerable effect of short-range order 
on the resistivity of a simple cubic AB lattice but his results seem to bear 
no relation to changes in resistivity of alloys known to possess short-range 
order above the critical temperature for long-range order. Much more 
evidence is needed on a possible effect of short-range order on resistivity 
but at present it must be concluded that the effect, if it exists, is very 
small. 

Second, it is necessary to mention other types of atomic segregation 
which may be affected by lattice defects. Walker, Blin and Guinier 
(1952) have shown that ‘ clustering ’ of zinc atoms occurs in aluminium— 
zinc alloys in the single-phase region. The effects of such clusters on 
resistivity are not known (except by possible analogy with the behaviour 
of age-hardening alloys) but it is probable that lattice defects in an alloy 
containing clusters would give abnormal resistivity changes. This 
hypothesis has been put forward to account for unusual resistivity changes 
in certain alloys (e.g. Ni,Cr, Liicke 1953, private communication) but 
anomalous ordering behaviour offers a more plausible explanation 
(Taylor and Hinton 1952, § 5.4.2). 

Finally, Cottrell (1953 c) has pointed out the possibilities of segregation 
in solid solutions due to the interactions of solute atoms with dislocations. 
From the viewpoint of resistivity changes, one of the most interesting 
arises from a prediction of Suzuki (1952) that solute atoms will attempt 
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to segregate in the stacking faults associated with dissociated dislocations 
in f.c.c. metals. Cottrell has shown that if this occurs the stacking fault 
should widen and has suggested that this may account for the increases 
in resistivity observed on annealing some silver-gold alloys at room 
temperature after low-temperature deformation (cf. fig. 14, Aarts and 
Jarvis 1953). 
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Note added in proof.—A new calculation by H. B. Huntington (1953, 
Phys. Rev., 91, 1092) of the activation energy for movement of interstitial 
atoms in copper gives a value of ~0-25ev. Huntington accordingly 
attributes annealing in copper at ~—100°c (fig. 18) to migration of 
interstitials, and that at ~—30°c to single vacancies. This seems to 
provide a very satisfactory resolution of many ambiguities in inter- 
pretation (§§ 6.1, 6.2) although it necessitates a critical reassessment of 
the annihilation kinetics discussed by Overhauser (1953). 
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